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I. HISTORY AND PRESENT STATUS OF THE
SUBJECT

T iHE physics of the phenomena determining the me-
chanical properties of crystalline solids began to be
studied relatively recently, in the 1920's. Long before
that, however, an enormous amount of empirical infor-
mation regarding these mechanical properties had been
accumulated in different fields of technology, especially
metallurgy.

The mechanical properties of even simple solids
such as pure metals are strongly dependent on the
previous history of particular specimens, i.e., the
mechanical and heat treatment to which they had been
subjected. M Heat treatment affects diffusion (or
self-diffusion) processes, which differ in deformed
and undeformed bodies. Diffusion plays no part in
deformation at low temperatures; however, the state
of a body and its mechanical properties are changed
by subsequent heating to a temperature at which diffu-
sion begins to occur.

Both diffusion and the mechanical properties of
solids are structure-sensitive, being intimately r e -
lated to structural details including the microstruc-
ture, and especially to defects of the atomic structure
(departures from the regular arrangement of atoms
in crystal lattices). '-2-' It became possible to deter-
mine the atomic structure experimentally only after
x-ray diffraction by crystals was discovered by Laue,
Friedrich, and Knipping in 1912. Prior to that the
metallographic microscope had been used for over
100 years to determine the microstructure of metals
and alloys, thus making it possible to draw conclu-
sions regarding their mechanical properties and even
to predict such properties and their changes after heat
treatment of alloys, for example. ^ This description
of the microstructure, which is still important, is to
a considerable degree only qualitative and is limited
in certain respects. Specifically, changes occurring
in metals after plastic deformation and strongly af-
fecting their mechanical properties (cold-working),
are not observed directly under a microscope. On the
other hand, it must be mentioned that very recently,
following the development of special etching techniques
for revealing dislocations, '-*-' the microscopic study
of deformed bodies has acquired new importance and
has become a source of important information regard-
ing the structural changes that follow deformation.
However, the development of physical ideas regarding
mechanical properties required an account of the

atomic structure of crystals and the development of
the crystal-lattice theory (M. Born, 1915), as a basis
for comparing observed properties with the calculated
cohesive forces.

The very first investigations of residual deforma-
tions in single crystals, at the beginning of the 1920's,
revealed a sharp disagreement between the theory and
the practical behavior of crystals. In 1922 Mark,
Polanyi, and S c h m i d ^ published their famous paper
on the stretching of zinc single crystals. They found
that deformation results from slip, involving the rela-
tive tangential displacements of parts of a crystal in
the basal (0001) plane and in the [1120] crystallo-
graphic direction. A permanent deformation results
when a critical shearing stress in the slip plane is
exceeded; this depends both on the applied force and
on the orientation of the given plane. Even earlier,
in 1918, fundamental studies were begun by A. F. Ioffe
and his co-workers, '-7'8-' who for the first time used
x rays to investigate structural changes in plastically
deformed crystals. In this work it was clearly shown
that deformation results in imperfections of crystal
structure, which are revealed by the so-called
"as te r i sm" of Laue patterns. Ioffe's experiments
were intended to test Born's theory. Since the theory
had been worked out quantitatively only for ionic c rys-
tals, Ioffe's experiments were performed on rock salt
crystals, which are of no practical importance but are
of extreme interest for a comparison with the theory.
It was learned that the basic effects observed in sodium
chloride are the same as in metal crystals. In the ex-
periments on sodium chloride it was possible to use
various supplementary techniques (optical, electrical,
and photoelectric); this was of considerable assistance
in accounting for the observed complicated effects.
Ioffe's experiments showed that deformation through
slip along definite crystallographic planes and in defi-
nite directions (the (110) plane and [110] direction in
sodium chloride) is accompanied by the appearance of
subgrains (mosaic blocks) turned relative to the bulk
of the crystal through angles increasing with the extent
of deformation. Plastic deformation begins only when
a critical shear stress in the slip plane is exceeded;
this is the flow stress or yield point, which is depend-
ent on temperature. It was found subsequently that the
yield point depends on the sensitivity of the technique
used to measure deformation. The "x-ray yield point"
of NaCl at room temperature is a few hundred grams
per mm2. When the first traces of slip are detected
optically (from birefringence observed with crossed
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Nicol p r i s m s ) the value obtained i s only a few tens of
g r a m s p e r m m 2 . Even lower values a r e obtained by
observing changes in photoconductivity. According to
Ioffe's r e s u l t s the yield point is lowered with i n c r e a s -
ing t e m p e r a t u r e , and vanishes at the mel t ing point,
w h e r e a s the f r a c t u r e s t rength (the c r i t i c a l n o r m a l
s t r e s s re su l t ing in f r a c t u r e ) is constant over a broad
t e m p e r a t u r e range . Therefore a t low t e m p e r a t u r e s ,
where the tens i le s t rength i s below the yield point, a
crys ta l i s b r i t t l e ( b r e a k s without appreciable p las t ic
deformat ion) , while at high t e m p e r a t u r e s it becomes
plas t ic ( f rac ture is p r e c e d e d by p las t ic deformation,
which i n c r e a s e s with t e m p e r a t u r e ) . These r e s u l t s
provide the b a s i s for the "Ioffe s c h e m e " according
to which b r i t t l e n e s s or plast ic i ty is not an inherent
p r o p e r t y ; a body i s p las t ic o r b r i t t l e depending on
the re la t ionship between i ts tens i le s t rength and yield
point, and t r a n s i t i o n s from one s ta te to the other can
occur as the t e m p e r a t u r e changes. Of c o u r s e , in the
c a s e of an e x t r e m e l y low yield point detected by v e r y
sensi t ive methods of m e a s u r i n g deformations, b r i t t l e -
n e s s i s not to be understood in the absolute s e n s e but
as corresponding to very s m a l l p las t ic deformation.
The Ioffe s c h e m e i s only approximate, s ince i t does
not take account of f o r m s of l o w - t e m p e r a t u r e defor-
mation (twinning) bes ides s l ip, and neglects h a r d e n -
ing effects, the r a t e of deformation e tc . Cold-shor t-
n e s s was found to be too complex to be accounted for
by the s c h e m e . However, the Ioffe s c h e m e has r e -
tained i t s qualitative significance until the p r e s e n t
t i m e . W

Of especia l ly g rea t i n t e r e s t w e r e Ioffe's famous
e x p e r i m e n t s , ^ in which the s t rength of f ractur ing
sodium chlor ide c r y s t a l s was d e t e r m i n e d as the
c r y s t a l s dissolved in w a t e r . These e x p e r i m e n t s
confirmed for the f irst t i m e the t h e o r e t i c a l s t rength
calculated f rom cohesive forces . B o r n ' s theory p r e -
dicted tens i le s t rengths two to t h r e e o r d e r s of m a g -
nitude g r e a t e r than the exper imenta l r e s u l t s . In the
c a s e of sodium chlor ide the theore t ica l value was
200 kg/mm 2 , while ~ 0.5 kg/mm 2 i s observed for
the usual f rac ture of r o c k sa l t in a i r . In Ioffe's ex-
p e r i m e n t s on dissolving r o c k sa l t the observed tens i le
s t rength was a s high as 160 kg/mm 2 , thus approaching
the theore t ica l value. Ioffe i n t e r p r e t e d his r e s u l t s as
follows. A dry c r y s t a l b r e a k s p r e m a t u r e l y because of
the p r e s e n c e of incipient c r a c k s with high s t r e s s con-
centra t ions at the i r edges . With the dissolut ion of the
surface layer , in which m o s t c r a c k s a r e located o r
or ig inate , a c r y s t a l i s able to withstand a tensi le pull
close to the t h e o r e t i c a l magnitude. This explanation
follows Griffith's theory, M which had been advanced
previous ly to account for the low technical s t rength of
g la s s , and which was based on the s t rength of g lass
containing art i f icial ly induced c r a c k s . The observed
(technica l ) tens i le s t rength cr and c r a c k length A. a r e
re la ted by Griffith's formula

a]/A, = const ^ V~Ea, (1)

where E i s the e las t ic modulus and a i s the surface
tension.

It m u s t be mentioned that the foregoing i n t e r p r e t a -
tion of Ioffe's exper imenta l r e s u l t s was disputed in
the l i t e r a t u r e and can st i l l not be r e g a r d e d a s firmly
establ i shed. For example, it was contended that the
observed high s t rength r e s u l t s f rom a secondary ef-
fect—hardening following the cons iderable p las t ic d e -
formation that o c c u r s in a sa l t while dissolving in
water . However, as Born c o r r e c t l y observed at the
t i m e , C10H it i s significant, independently of the at tend-
ant effects, that when a c r y s t a l f r a c t u r e s in a non-
p r e c i s i o n mechanical device cohesive forces d e t e r -
mined from atomic constants come into play. The
c o r r e c t n e s s and fars ightedness of t h i s conclusion
have been confirmed br i l l iant ly in r e c e n t y e a r s . Under
different conditions (in s ing le-crys ta l w h i s k e r s ) a
number of m e t a l s have exhibited very high t e n s i l e
s t rength approaching the theore t ica l va lues . F o r ex-
ample, the s t rength of i ron w h i s k e r s 2/u in d i a m e t e r
is a s high as 1350 kg/mm 2 . Ca»123

Thus, one of the two c l e a r pr incipal contradict ions
between Ioffe's exper imenta l r e s u l t s and the c r y s t a l -
lat t ice theory, the d i screpancy r e g a r d i n g tensi le
s trength, was considerably modified by the fact that
the theore t ica l s t rength can be approached under
specia l conditions. The second d i s a g r e e m e n t was
the observed o c c u r r e n c e of p e r m a n e n t deformation
through s l ip. Born ' s theory of ideal c r y s t a l s has no
place for the exper imental ly observed deformation.
Frenkei^ 1 3 ^ made a detai led analys is of the poss ib i l -
ity of s l ip in ideal c r y s t a l s within the f ramework of
B o r n ' s theory, and showed that s l ip along an atomic
plane r e q u i r e s that two p a r t s of a c r y s t a l b e s e p a r a t e d
by a d i s tance of the o r d e r of the atomic spacing.
Frenke l employed a " t w o - s a w " model with the teeth
of one saw inser ted between the teeth of the o ther saw.
Relative motion of the " s a w s " r e q u i r e s that they be
separa ted by a d is tance equal to the height of the
teeth. A calculation showed, however, that this s l ip
m e c h a n i s m in an ideal c r y s t a l r e q u i r e s e x t r e m e l y
high s t r e s s e s only one o r d e r of magnitude s m a l l e r
than the e las t ic modulus. Therefore the s l ip observed
in r e a l s ingle c r y s t a l s under e x t r e m e l y low s t r e s s e s
cannot be accounted for by the theory of ideal c r y s t a l s .

Ioffe's investigations of the mechanical p r o p e r t i e s
of sodium chlor ide w e r e continued in the exper iments
of Obreimov and his c o - w o r k e r s , ^-u^ who used an o p -
t ical method and observed birefr ingence, caused by
internal s t r a i n s , n e a r s l ip p lanes . It was shown by
this optical method that s l ip t r a c e s appear in sodium
chloride at a s t r e s s of ~ 30 g / m m 2 . It was important
that the f i r s t s l ip t r a c e s observed through c r o s s e d
nicols do not appear immediately in the i r ent i re
length but propagate with a definite velocity from
one face to another .
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During the 1920's and 1930's in both the U.S.S.R.
and abroad, ^86-l an enormous amount of diversified
work was done on the mechanical properties of dif-
ferent single crystals, both nonmetallic (NaCl, AgCl,
etc.) and metallic (mainly low-melting Zn, Cd, Mg,
Al, Pb, Sn, Bi, and their alloys Cd-Zn, Sn-Zn, Al-Mg,
Zn-Mg, as well as a iron, W, Cu-Ni, Cu-Zn, etc.) .
These studies cleared up the geometry of slip effects
as related to crystallographic orientation, the re la-
tionship between hardening by plastic deformation
and the deformation rate and temperature, and also
the attendant recovery and recrystallization effects.
Detailed summaries of the work done abroad can be
found in £15,16]. An account of extremely interesting
discontinuous deformation is given in E17-'; an expla-

^1^ ^nation of these effects is given in Stepanov
p
^19^

made important observations of the dependence of the
strength of sodium chloride single crystals on the
shape of specimens and on crystallographic orienta-
tion. Many other important results cannot be dis-
cussed here. However, the source of the principal
disagreement between the theory of crystal lattices
and the practical behavior of crystals was cleared
up very slowly.

Taylor E2°3 in 1934 was the first to advance the
quantitative hypothesis of edge dislocations, which
cause slip by moving through a crystal. The origin
of dislocations and the conditions governing their
motion were not considered in this early work. The
quantitative description was intended to account for
the hardening that accompanies plastic deformation,
which was described as the result of interactions be-
tween dislocations. It was shown that the stress r e -
quired for the motion of a single dislocation must in-
crease with the density of dislocations as a deforma-
tion is augmented, since elastic forces acting between
dislocations hinder their motion. During the same
period other investigators ^20^ also suggested that
plastic deformations in crystals result from the
motion of dislocations.

The dislocation theory, which was at first purely
hypothetical, was developed by many authors including
the Burgers brothers, C21H Frank, C22^ R e a d , №

ShockleyE24^ and others. An important contribution
was made in 1938 by Frenkel, who in collaboration
with T. A. Kontorova '-2S-' for the first time used a two-
dimensional atomic model to discuss the motion of
dislocations. Eshelby^26^ subsequently confirmed
their results for the three-dimensional case. The
formulas derived in E25^ show that the velocity limit
of dislocation motion is the velocity of sound, which
here plays a part analogous to that of the velocity of
light in relativity theory.

At the present time dislocation theory has been so
extensively developed that a systematic account has
been given in special monographs E27'28^ and a detailed
account is given in every serious work on metal the-
ory. C29>3«

The dislocation theory was not developed only in
connection with plastic deformation. It was also used
to interpret crystal growth E313 and the effects con-
nected with annealing and the recrystallization of de-
formed bodies. The triumphant confirmation of this
theory came with the experimental observation of dis-
locations and their movements, at first optically using
special etching techniques, C323 and later by electron-
microscope E33^ and x-ray^343 methods. Dislocation
theory, which is based on the existence of line defects
(edge and screw dislocations), successfully accounts
for plastic deformations in crystals and the attendant
hardening effect. The laws of the dislocation growth
of crystals have been confirmed experimentally. The
theory accounts convincingly for polygonization and
the formation of small-angle dislocational boundaries
in deformed crystals after heating. The theory con-
siders different effects resulting from dislocation in-
teractions, such as splitting into partial dislocations
with the formation of stacking faults, the piling-up of
dislocations in a single slip plane at obstacles such
as grain boundaries, the intersection of dislocations
in different planes to form immobile Lomer disloca-
tions, the intersection of moving screw dislocations
with the resultant formation of jogs on dislocations
and the appearance (following motion) of lattice
vacancies and interstitial atoms etc.

The basic importance of dislocation theory lies in
the fact that it has reconciled the disagreement be-
tween the theory of ideal lattices and the experimen-
tally observed deformations resulting from slip or
twinning, and that it describes the departures from
ideal lattices that accompany the observed deforma-
tion effects. It must be acknowledged, however, that
despite the development of various schemes and mod-
els of dislocation arrangements, the theory is still
only a theory of dislocations and not a theory of me-
chanical properties. ^87^ We are still left with impor-
tant unanswered or controversial questions such as
the generation and multiplication of dislocations,'-35-'
the insufficiently understood conditions for the crea-
tion of various aggregates of different dislocations
etc. The consistent description of mechanical proper-
ties on the basis of dislocation theory is still in an
early stage; its completion lies in the future. At the
present time, however, it would be difficult to over-
estimate the fruitfulness and importance of dislocation
concepts for interpreting the observed mechanical
properties of solids.

It is especially important to note the more recently
developed theory that dislocation mechanisms are in-
volved in fracture as well as in deformation. A num-
ber of models have been proposed ^36^ to show how
relatively stable (not collapsing spontaneously) in-
cipient cracks, whose growth leads to fracture, can
originate and develop in crystals through the forma-
tion of dislocation pile-ups and through intersections
or other interactions between dislocations. Disloca-
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tion theory is thus becoming a very broad basis for
the interpretation and description of mechanical
properties.

The entire foregoing discussion pertains to non-
thermal mechanical properties of crystals. However,
as already mentioned, the mechanical properties of
solids, especially at high temperatures, are intimately
related to diffusion phenomena. Diffusion effects are
especially important in creep at high temperatures
and in the so-called sintering effect of metallic and
nonmetallic powders, which are compacted by capil-
lary forces resulting from permanent deformations
induced by diffusion.

The influence of diffusion on the generation, motion,
and stability of dislocations still remains largely un-
clarified. Knowledge of the diffusion or self-diffusion
mechanism is of fundamental importance in this con-
nection. A correct understanding was first attained
by Frenkel, ̂ 3T^ who showed that thermal motion in
crystal lattices produces vacancies and interstitial
atoms, and that diffusion (especially self-diffusion),
at least in metals, alloys, and crystals of inorganic
compounds, is a random process whereby lattice va-
cancies are replaced successively by atoms or ions.
It must be emphasized that some other authors have
proposed different diffusion mechanisms such as
"ring exchange" of atoms. ^81^ However, the more
recently observed diffusion porosity (the precipita-
tion of excess vacancies as pores) accompanying
unequal partial heterodiffusion, C383 which is rightly
called the Frenkel effect, leaves no doubt that the
Frenkel vacancy mechanism of diffusion is correct.

Vacancies existing in a lattice must interact with
dislocations. Each dislocation is surrounded by a
field of elastic s t resses . For this reason the equi-
librium concentration of vacancies around disloca-
tions is not identical at different points. At tempera-
tures high enough for diffusion, currents of vacancies
or atoms must arise, leading to the "healing" (anni-
hilation) of dislocations. Dislocations generated and
multiplying in a crystal through the action of external
forces are nonequilibrium structures; at high tem-
peratures they must either grow or disappear, thus
restoring the regular periodic arrangement of atoms.

The only diffusion effect that has thus far been
treated quantitatively in dislocation theory is the
climb of dislocations, which comes about through the
joining of linear arrays of atoms or vacancies parallel
to a dislocation axis. Mott^39^ used this effect to ac-
count for the so-called vertical dislocational walls
forming small-angle subgrain boundaries. Weertman^4 0 '4

recently attempted a calculation, based on this effect,
of high-temperature creep in metals (see below). It
must be mentioned that interactions between vacancies
and dislocations in a system containing intersecting
screw dislocations is complicated by the possibility
that excess vacancies will be produced through the
motion of intersecting dislocations.

Interactions between vacancies and dislocations
are important for diffusion as well as for effects a s-
sociated with mechanical properties. It has been found
experimentally that in both metallic and nonmetallic
crystals subjected to plastic deformation or having
lattice irregularities due to crystallization, diffusion
processes are accelerated, often hundreds or thou-
sands of times. ^853 The simplest explanation of this
result on the basis of the Frenkel diffusion theory is
that in these systems, at the temperatures of fairly
rapid diffusion, the restoration of lattice regularity
produces a large number of excess vacancies promot-
ing accelerated diffusion. The change in the micro-
pattern of diffusion, resulting from the presence of
dislocations, undoubtedly plays a definite part in these
effects. The influence of dislocations on diffusion is
still not actually understood.

The velocity of thermally fluctuating movements of
atoms in crystals increases exponentially with temper-
ature. At very high temperatures we can expect a r e -
duced stability of dislocations, which can be destroyed
by climb and the mutual annihilation of dislocations
with opposite signs, and by thermal-diffusion " resorp-
t ion." At the highest (near-melting) temperatures in
crystals we can therefore expect diffusion to play an
increasingly important part in plastic deformation.
Frenkel in 1946 С*2,43] p o i n t e d out the possibility of
permanent deformations at such temperatures purely
as a result of atomic diffusion. This hypothesis was
applied to sintering, which Frenkel interpreted as a
result of viscous flow under capillary forces through
a self-diffusion process similar to that in liquids (by
successive random motions of individual atoms). The
treatment of sintering as a result of diffusional creep
in crystals was subsequently confirmed by a pure dif-
fusion calculation of directed self-diffusion in a sys-
tem of contiguous pressed-powder particles, i.e., in
a porous body, where capillary forces around pores
produce a negative pressure that induces currents of
directed atomic self-diffusion fully equivalent to vis-
cous flow. C443 Evidence has recently appeared that
such viscous flow occurs at near-melting tempera-
tures in metals under external forces through a pure
diffusion mechanism, since no signs of dislocational
deformation appear. C71J

The foregoing necessarily brief review shows that
despite great advances in the understanding of effects
that determine mechanical properties and diffusion in
solids, we still lack an understanding of many impor-
tant relations without which a quantitative description
of the occurring regularities is impossible. It is ap-
propriate to note that the Frenkel hypothesis played
an essential part in the development of fundamental
concepts, especially with regard to diffusion and dif-
fusional (non-dislocational) deformation, as well as
with regard to the kinetics of dislocation motion in
plastic deformation through slip and twinning. We
shall consider more thoroughly certain manifestations
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of deformation in crystals that occur at high tempera-
tures and are associated with diffusion processes in-
volved directly in deformation. The kinetics of defor-
mation and the diffusion effects are intimately related.

II. STEADY-STATE CREEP OF METALS AT HIGH
TEMPERATURES AND DISLOCATION CLIMB

The phenomenological laws of deformation through
creep, observed at a constant applied stress, are simi-
lar for different kinds of solids. Qualitatively similar
regularities are observed in metals and nonmetals,
single crystals and polycrystals, and in noncrystalline
bodies such as plastics.'-4 3] The time dependence of
deformation, at a constant applied stress, includes
three principal stages: 1) unsteady or diminishing
creep, 2) steady-state creep with a constant deforma-
tion rate, and 3) accelerated creep ending in fracture.
In different kinds of solids the physical processes dur-
ing each stage are different but result in similar regu-
larities. We shall hereafter confine our attention to
creep in metals. The durations of the different creep
stages and the magnitude of the deformation induced
in each stage within any given material depend on tem-
perature and the applied s tress . As the temperature
or s tress is reduced the steady-state rate of creep
diminishes, the duration of the steady-state creep
stage is lengthened, and the third stage of accelerated
creep may not be reached at all. On the other hand,
with increasing temperature and stress, the steady
creep rate increases sharply and the deformation is
augmented in each stage; the third stage, ending in
fracture, is reached relatively rapidly. It must be
emphasized that creep, especially in metals, does not
occur only at high temperatures, but produces an ap-
preciable effect even at moderate temperatures far
below the melting point. Even at such temperatures
creep undoubtedly involves both slip resulting from
dislocation movements and diffusion effects whose
presence has frequently been confirmed indirectly
(as by the accompanying polygonization, which is
known to result'-28-' from the diffusional climb of dis-
locations ). The mechanism of the steady-creep stage
is of fundamental importance. With regard to the first
and third stages, although the details of the atomic
mechanism still require experimental clarification,
a general qualitative interpretation of the processes
already exists. In the third stage accelerated defor-
mation is associated with the development of local im-
perfections or, sometimes, partially with recrystalli-
zation processes that reduce hardening.* The first,
unsteady, stage depends on effects similar to cold
working. The first stage is often described by means
of the so-called "exhaustion theory," according to

which there are volume elements with unequal "act i-
vation s t r e s s e s " (the difference between the flow
stress and the applied s t ress) ; these elements require
thermal fluctuations of different magnitudes to produce
local creep. C28^

Weertman'-40'41-^ recently proposed a theory of the
steady-state creep stage at medium temperatures
using an atomic model of dislocation climb to describe

the process. He has evidently accounted correctly for
the macroscopic laws of creep in metals (the depend-
ence of the steady creep rate on temperature and the
applied s t res s ) .

Weertman's theory considers a dislocation array
immobilized by an obstacle after being emitted from
a source (such as a Frank-Read source) acted on by
an applied s t ress . In the case of metals having several
intersecting slip systems the obstacles can be immo-
bile (Lomer) dislocations produced through the inter-
actions of dislocations belonging to different systems.
According to this theory, when an obstacle stops a
group of n dislocations the elastic stress acting on
the leading dislocation is multiplied by the factor n
= 2<rL/Vb, where a is the applied stress, L is the
width of the immobilized group (the distance between
the Frank-Read source and the obstacle), b is the
Burgers vector, and д is the shear modulus (^28^,
p. 128). It follows from energy considerations that
the leading dislocation can climb through a distance
h = 2т/пЬст = T£i/cr2L, where т = /Л>2/127г(1 - v) and
v is the Poisson coefficient.

Climb is described as the result of vacancy diffu-
sion to the dislocation axis because of the vacancy
concentration gradient, which in turn is caused by the
elastic stress gradient created by the dislocations.
The equilibrium concentration of vacancies around
the stopped leading dislocation (belonging to the group
of n dislocations) will be N e = N0exp(±ncrb3/kT)
= Noexp(±2Lcr2b2AtkT), where No is the equilibrium
concentration in the absence of dislocations, since
the work of forming vacancies near the leading dis -
location is increased or decreased by the amount
nab3 (depending on the sign of the dislocation). As-
suming that immobilized dislocations are of both
signs with equal frequency, dislocation climb can be
described as vacancy diffusion between the two clos-
est leading dislocations of two immobilized groups
with opposite signs; the vacancy concentration between
the two given dislocations is assumed to be No. For
steady diffusion [(d/dr )(rdN/dr) = 0, where r is
the distance along the normal from the leading dislo-
cation ] the vacancy concentration is represented
approximately by

•The motion of grain boundaries in polycrystalline specimens
resulting from a recrystallization deformation, does not lead di-
rectly to elongation but enhances the plasticity of the material
(seet"]).

where r x is half of the mean distance between immo-
bilized dislocation arrays and r 0 is the distance to
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w h i c h t h e s t r e s s f i e l d m a i n t a i n s t h e s t r e s s c o n c e n t r a -

t i o n N e . T h e v a c a n c y f l u x p e r u n i t l e n g t h a l o n g t h e

d i s l o c a t i o n a x i s i s 2 7 r r D ' ( d N / d r ) , w h e r e D ' i s t h e

v a c a n c y d i f f u s i o n c o e f f i c i e n t ; t h i s flux a p p r o x i m a t e l y

e q u a l s N 0 D ' n < 7 b 3 / k T w h e n n o t > 3 / k T < l . T h i s f l u x p r o -

d u c e s t h e c l i m b r a t e I = N 0 D ' c r b 5 / k T = 2 N 0 D ' a L b 4 / M k T .

W h e n t h e r a t e a n d h e i g h t o f c l i m b a r e k n o w n , t h e c r e e p

r a t e c a n b e c o m p u t e d . L e t M b e t h e n u m b e r o f a c t i v e

F r a n k - R e a d d i s l o c a t i o n s o u r c e s p e r u n i t v o l u m e , A.

t h e d i s t a n c e t h a t t h e e d g e c o m p o n e n t o f a d i s l o c a t i o n

loop advances from a barrier, Л' the corresponding
distance for a screw dislocation. We can then write
V = IMAA'(b/h) for the creep velocity, i.e.,

т/ _ nia41N;)D"k'k'M ^ 30(Т4Ь3.ЛГ0Р'и'ЛЯ.г

where nab3/kT < 1. Similarly, when nab3/kT > 1 we
obtain

V ^
2L exp ) (2a)

In order to determine the dependence of V on а
it is necessary to determine how the factors M, L, A.,
and A.' depend on cr. Weertman's reasoning in this
connection depended partially on experimentally known
relations. He assumed that M is independent of the
applied stress, since according to data in CT6^ M is
practically constant for stresses exceeding the crit-
ical shear stress in the absence of dislocation inter-
actions inducing hardening. For a regular single
crystal of small cross section Weertman assumed
that the product of A. and A/ equals the crystal cross
section and is independent of the stress, ш polycrys-
talline specimens A. probably equals the average di-
ameter of subgrains, while A/ is the grain diameter,
since it is difficult to conceive of obstacles to the
propagation of pure screw dislocations within grains.
In this case the dependence of A. on cr is obtained
from experimental results in ^46-l, according to which
subgrain diameters in aluminum are proportional to
<r~2'3 independently of temperature.

The dependence of L on a was computed from the
following considerations. The shear stress resulting
from immobilized dislocation loops decreases approx-
imately as 4<TL 3/R 3 . where R is the distance from the
center of a loop. If the activation stress of a Frank-
Read source is a, the available stress can activate a
source in another slip system, the source being lo-
cated in a cylinder of height 2L and radius 4 L ( O / ( T ) 1 / 3 .
A Lomer dislocation can then appear closer to the first
source; this would represent a reduction of L. The
condition on L is that the product of the source density
M multiplied by the volume within which the shear
stress is greater than a must be smaller than unity.
This leads to the equation

= 4( 4- ) м
r-Уз

must, according to Weertman, contain the factor cr to
about the fourth power in a single crystal and to about
the third power in polycrystals.

The temperature dependence of V is given practic-
ally by the product N0D', which respresents the self-
diffusion coefficient and is represented by the formula
N0D' = D = vo/h exp(S/k) exp(-Q/kT), where Q is
the activation energy for self-diffusion, S is the en-
tropy of self-diffusion activation, and v0 is the maxi-
mum frequency of atomic vibrations in the lattice.
Thus the activation energy for steady-state creep
must equal the activation energy for self-diffusion.

The foregoing theory, in which the obstacles to dis-
location motion are regarded as immobile Lomer dis-
locations, pertains only to crystals possessing several
slip systems. It does not apply, for example, to hex-
agonal crystals where slip is observed only in the
basal plane. (Weertman points out that even in hex-
agonal crystals exhibiting prismatic and pyramidal
slip the Burgers vector of the corresponding disloca-
tions also lies in the basal plane; therefore immobile
Lomer dislocations are not formed.) In a later a r-
ticle C41^ Weertman proposed a somewhat different and
more general mechanism of creep, also applicable to
crystals with a single slip system. Here we consider
parallel arrays of dislocations from sources located
in different planes (Fig. 1). The leading dislocations
of each array can be held up by dislocations of oppo-
site sign in the following array; this prevents their
progress if the arrays are close, ш this model the
rate of climb of dislocations I4 is given by

» ( T > e x p ( Q (3)

where S and Q are the entropy and activation energy,
respectively, of self-diffusion, assuming that an equi-
librium concentration can be established near the dis-
locations. If thermal equilibrium cannot be established
for vacancies directly, it can be achieved by the pres-
ence of jogs on dislocations (in which case, as we
know, vacancies are produced or annihilated as dislo-
cations move). E283 When vacancies appear or disap-
pear only in the presence of jogs, the creep rate is
given by

X X J. XX

i 1 1 U

b)

T T ' T T * x

Thus the product a4A.A.'ML2 in the formula for V
FIG. 1. Blocked (a) and moving (b) dislocation loops from two

sources in parallel planes.[41J
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J — { —
kT

( 3 a )

where S* and Q* are the sums of the entropies and
activation energies, respectively, for self-diffusion
processes and jog formation. Here 2L is the distance
between dislocation sources lying in parallel planes
(Fig. 1); n = 2aL//Lib is the number of immobile dis<-
locations in the group. The formula for I2 is based
on the assumption that the jog concentration corre-
sponds to thermal equilibrium. Jogs can be formed
both by thermal excitation and by the intersection of
dislocations in different (relatively inclined) planes.
Jogs formed in the second manner will not be anni-
hilated by climb if a component of their vector sum
is perpendicular to the slip plane. When only a small
amount of energy is required for the formation of a
jog, I t is practically correct for the rate of climb.

The given model yields another relation for the
height h of dislocation climb (Fig. 1). Here leading
dislocations are annihilated through climb and are
replaced by new dislocations from-the source; creep
is maintained in this manner. Two groups of disloca-
tion loops in different slip planes can also move with
respect to each other without climb or annihilation if
the plane separation h exceeds дЬ/47гст. The magni-
tude of h is approximated in this way. Weertman
uses the following considerations to determine L.
A cylinder of height 2h and radius 2L containing a
group of dislocation loops propagating from a single
Frank-Read source should on the average contain
three more Frank-Read sources immobilizing this
group of loops. We should thus have 8irMLV3 = 1,
where M is, as previously, the density of dislocation
sources. We thus obtain

T , 3 Зет

8nMh 2\iMb •

T h e c r e e p r a t e , a s a b o v e , i s t h e p r o d u c t o f t h e d i s -

l o c a t i o n s o u r c e d e n s i t y , t h e m e a n a r e a s w e p t o u t b y a

d i s l o c a t i o n l o o p ( 4 T T L 2 ) m u l t i p l i e d b y b , t h e c l i m b

v e l o c i t y o f l e a d i n g d i s l o c a t i o n s , a n d t h e r e c i p r o c a l o f

t h e h e i g h t o f c l i m b ( l / 2 h ) . T h e c r e e p r a t e u n d e r

s m a l l s t r e s s e s i s

(4)

o r , m o r e g e n e r a l l y ,

e x P ( ~r ) exp ( — yi= )

When the energy of jog formation is large, S and Q
are the respective sums of the entropies and activation
energies for self-diffusion and jog formation.

We see from the foregoing discussion that both ver-
sions of Weertman's theory furnish essentially only an
estimate of the rate of steady-state creep, since de-
spite the clear and definite model of the atomic mech-

*sh = sinh.

anism, the calculation requires additional simplifying
assumptions and a number of quantities in the formulas
are determined very approximately. There can there-
fore be no claim of quantitative agreement between this
theory and experiment. Nevertheless, considerable in-
terest attaches to the derived power relation between
the rate of steady-state creep and the applied stress
(with the powers 3 and 4.5 in the two versions of the
theory), and to the exponential dependence on the r e -
ciprocal of absolute temperature. Both theoretical
predictions are confirmed experimentally in general
over a broad temperature range when the applied
stress is not too small.

Figure 2 shows the experimental dependence '-47-' of
the rate V of steady-state creep on the stress a at
several temperatures for polycrystalline (cermet)
specimens of copper, nickel, and iron. The coordi-
nates are log10 V and log10 ст. At relatively high val-
ues of <y we observe the power law V ~ crn, where
the exponent n is practically identical for the three
metals at all temperatures (n = 4.6—4.8). At small
values of a the slope of the straight line is decreased,

г з
logl0ff(g/mma)

FIG. 2. logl0 V = f(log10o) for specimens of Cu, Ni, and
Fe.[47] Straight-line segments are seen for small a (V ~ an) and
large a (V ~ ffm). i _ Cu: 600° n = 1.3, m = 4.8; 2 - Cu: 900°,
n = 1.2, m = 4.8; 3 - Cu: 1040°, n = 1; 4 - Ni: 900°, n = 1.2,
m = 4.6; 5 - Ni: 1100°, n = 1.1, m = 4.6; 6 - Fe: 1100°, n = 1.1,
m = 4.8; 7 - Fe: 900°, n = 1.1, m = 4.8.

with an approach to linear dependence. It will be seen
(Sec. IV) that this represents a gradual change of the
creep mechanism—a reduced role for climb and the
appearance of a pure diffusion mechanism, with de-
formation induced by successive random movements
of individual atoms.

The power-law relation between the creep rate and
the stress was also confirmed experimentally^40^ for
Al, Sn, and Pb, with n varying from 3 to 5.5. For the
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alloy Ni + 40% Cu deformed at 700°C under stresses
from 2 to 9 kg/mm2, n = 3.6. C483

It must be mentioned here that the experimental
data for dependence of the steady-state creep rate on
stress, which data are represented satisfactorily by
a power law, are also fitted in most cases by an em-
pirical formula in which V depends exponentially on
a. When log V is plotted as a function of a (Fig. 3),
over a large range of a we obtain a straight line rep-
resented by

(5)

where Uo, y, and Vo are constants (Uo = Q is the ac-
tivation energy for creep), к is Boltzmann's constant,
and T is the absolute temperature. This form of the
relationship between V and a is often used when the
creep rate is studied in conjunction with т, the load-
endurance interval in long-time strength (Sec. III).
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T h e s e q u a n t i t i e s v a r y e x p e r i m e n t a l l y s o t h a t V T

= VOTO = const and т obeys the exponential law (6)
(Sec. Ш). It is still not clear whether the constancy
of the product VT indicates the concurrence of the
processes governing creep and long-time strength or
only that parallel laws govern the two processes.

It should also be noted that (5) for the creep rate
V and (6) for т are not always confirmed experimen-
tally. For small a, especially at high experimental
temperatures, deviations of each quantity separately
and an inconstancy of the product VT are observed
(Fig. 3). These results may possibly indicate a tran-
sition to a different deformation mechanism, such as
pure diffusion without participation by dislocations
(Sec. IV); this is still an open question.

The exponential dependence of the rate of steady-

state creep on the reciprocal of the absolute tempera-
ture has also been confirmed frequently. In many in-
stances E48^ the activation energy for creep coincides
with the activation energy of self-diffusion known from
direct measurements of self-diffusion kinetics. Cer-
tain investigations of specimens preserving distor-
tions and lattice imperfections have yielded values
smaller than those for the activation energy of self-
diffusion. C50J It was found recently in C51], where a
study was made of the creep of a iron in torsion at
630—900°C in the stress range 40—439 kg/cm2 that
under stresses 40—138 kg/cm2 the activation energy
for creep is independent of stress and amounts to
77.7 kcal/g-atom, which considerably exceeds the ac-
tivation energy for self-diffusion (~ 58 kcal/g-atom).
The authors assume that in the given interval the ac-
tivation energy is the sum of the self-diffusion activa-
tion energy and the energy of jog formation. At higher
stresses the activation energy was reduced drastically
to 50 kcal/g-atom; this effect was not accounted for.
Similar results have not been obtained in other inves-
tigations.

It should be mentioned that the absolute values of
the activation energy Q given in different publications
must be used with care. To obtain a true value of Q
the temperature dependence of the pre-exponential
factor must be known; otherwise, the value obtained
for Q can be appreciably erroneous. E58^

This consideration plays no part only when the ac-
tivation energy is obtained from experiments in which
the change of the steady-state creep rate is determined
for a rapid (or sudden) relatively small temperature
change (by 20—30°C893).

Creep in extremely pure (99.99%) monocrystalline
and polycrystalline copper in the temperature range
400-700°C has been studied thoroughly in Е'Ч. It was
found that the activation energy for steady-state creep
(determined as in ^m^) in single crystals is 49 kcal/
g-atom, and thus does not differ from the activation
energy for self-diffusion. Different results were ob-
tained for polycrystals. Representing the creep rate
V as a function of absolute temperature T and stress
a- by the formula V = Vo( T) exp [ - (Q - ya )/kT ] [see
Eq. (5)], two sets of the constants Vo, Q, and у were
obtained at each temperature; these were associated
with stresses lying below or above a certain critical
stress o-'(T). At 400-500° С the activation energy Q
for a X T ' and a < & was 32 and 28 kcal/g-atom, r e -
spectively, which is close to the activation energy for
vacancy migration. The authors of C89H conclude that
in polycrystals dislocation climb is accelerated by the
motion of vacancies along dislocations from grain
boundaries to jogs, and that this process governs the
kinetics of climb. It should be noted, however, that
in [89] the activation energy ~ 47—48 kcal/g-atom
was obtained experimentally for polycrystalline Cu
at 700°C, and that the mechanical treatment of poly-
crystals was followed by annealing for 30 minutes at
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650°C. Single c r y s t a l s w e r e , of c o u r s e , not subjected
to mechanica l t r e a t m e n t . We can there fore not exclude
the possibi l i ty that s m a l l values of Q in polycrys ta l s
at 400—500° a r e par t ia l ly as soc ia ted with the r e s u l t s
of cold working that a r e not removed at re lat ively low-
t e m p e r a t u r e annealing.

The activation energy for nonsteady-s ta te c r e e p
was a l so d e t e r m i n e d in '-88-'. The value 49 kcal/g-atom
obtained for po lycrys ta l s coincides with the activation
energy for self-diffusion.

The different s tages of i s o t h e r m a l c r e e p (nonsteady-
s ta te and s t e a d y - s t a t e with a < a' and a > <J' ) w e r e in-
t e r p r e t e d in l-88^ by cons ider ing the par t ic ipat ion of
different dis locat ions (edge and s c r e w di s locat ions)
with jogs in causing the different s tages of c r e e p , and
the re la t ive effectiveness of the obstac les blocking d i s -
locations in each s tage ( L o m e r b a r r i e r s , dis locational
walls of subgra ins , and gra in b o u n d a r i e s ) . The authors
r e g a r d the exponential dependence of V on a a s bas ic
and deny r e a l i t y to the power law in W e e r t m a n ' s theory.
The pr inc ipa l ind i rec t a rgument is the following. When
the c r e e p i s o t h e r m s V(cr) obtained for Cu a t 400—700°
a r e r e p r e s e n t e d by W e e r t m a n ' s equation, non-integer
and nonconstant values of the exponent n a r e obtained,
varying from 3 to 6, to which it is difficult to a t t r ibute
any physical meaning. It m u s t a l so be noted, however,
that in E88H a nonconstant value of у was obtained in
the exponential formula (5), depending on t e m p e r a t u r e
according to the law у = y 0 exp ( - E / k T ) , where E
= 7.0 kca l/g-atom. The value of у thus v a r i e s by 1У2

o r d e r s of magnitude within the investigated t e m p e r a -
t u r e r a n g e .

The authors of E88] bel ieve that the exponential
form of V(cr) for s teady-s ta te c r e e p is ent i re ly c o m -
patible with the c l imb m e c h a n i s m . Considering a
model of c r e e p in which jogs a r e held up by obs tac les ,
which can be c i rcumvented only by c l imb of the jogs,
semi-qual i ta t ive calculat ions lead to an exponential
dependence of V on и with reasonable p a r a m e t e r s .

Although insufficient exper imenta l data on s teady-
s ta te c r e e p a r e available at the p r e s e n t ( e x t r e m e l y
l i t t le data on al loys, no re lat ionship establ ished in
many publications between the observed laws o r con-
stants and the original s ta te of specimens e t c . ) , we
can a s s u m e that at any medium t e m p e r a t u r e s this
p r o c e s s is actually governed by c l imb. Clarif ication
of the deta i l s will r e q u i r e the improvement and d e -
velopment of the theory, together with much m o r e
exper imenta l work. F i r s t of al l , a careful d e t e r m i -
nation of the form of V(cr) will be requi red, agreeing
with all known facts. It is a l so e x t r e m e l y important
to account for the observed ranges of Q and n (when
V is given a s a power of a ) or of у (for the exponen-
tail function). It a p p e a r s that a complete and c o r r e c t
solution cannot be obtained without taking into account
the previous h i s t o r y of spec imens (cold working, a n -
nealing e t c . ) on c r e e p kinetics at different t e m p e r a -
t u r e s .

III. LOAD-ENDURANCE INTERVAL (LONG-TIME

STRENGTH)

The rapid i n c r e a s e in the number of different uses
of var ious construct ion m a t e r i a l s under the m o s t d i -
versi f ied conditions has in the la s t two decades led to
the d iscovery of h i ther to unknown laws of f r a c t u r e .
One of the m o s t important r e s u l t s * is the es tab l i shment
of the way in which f r a c t u r e s t rength depends on the
durat ion of loading (in long-time s t r e n g t h ) . F o r each
applied load bodies exhibit a definite load-endurance
interval (durat ion in the unfractured s t a t e ) . The quan-
ti tat ive re la t ionships de termined in different foreign E52^
and Soviet publications have been thoroughly inves t i-
gated by S. N. Zhurkov and his c o - w o r k e r s . ^53,54] A c _
cording to E5*] for the m o s t diversif ied m a t e r i a l s
( m e t a l s , al loys, p la s t ic s e t c . ) the load-endurance
interval т depends on the applied s t r e s s и and a b s o -
lute t e m p e r a t u r e T according to a single law

(6)

where the constants т 0, Uo, and у a r e defined as fol-
lows: СЭД и 0 i s the activation energy for a local p r o c -
e s s developing with t i m e under the load and leading to
f r a c t u r e , у i s the "act ivat ion v o l u m e , " and т 0 i s of
the o r d e r 10" 1 1 —10" 1 2 sec (c lose to the per iod of t h e r -
m a l a tomic osci l lat ions in sol ids )ЛМ^ When (6) was
fitted to the exper imenta l r e s u l t s , Uo exceeded the
activation energy for self-diffusion by about 30% and
reached the value of the latent heat of vaporizat ion.

We note that (6) includes as a special case the
" s u d d e n " f r a c t u r e of bodies when the cr i t ica l s t r e s s
is reached. As T — 0, т becomes +°° when a
< U 0 /y, and equals 0 when a > U 0 / y . Thus the value
a = ffj = U 0 / y is c r i t i c a l for T — 0. When a < a x

a body will r e m a i n unfractured for an indefinite p e -
riod; when a > o^ f rac ture o c c u r s suddenly. On the
other hand, Eq. (6) is not ent i re ly consis tent, s ince
for a = 0 (and T / 0 ) it yields a finite endurance
interval , which impl ies the spontaneous f rac ture of
bodies not subject to external forces .

It has been shown by d i r e c t exper iments that when
a body is subjected to a s t r e s s и during a t ime Tj
l e s s than т, followed by removal of the s t r e s s , r e -
covery and reloading with the s a m e s t r e s s <т, then
f r a c t u r e ensues at a t ime т 2 after the second loading
such that тх + т 2 = т. This proves that a continuous
p r o c e s s in a loaded body produces i r r e v e r s i b l e
changes, the accumulat ion of which leads to f r a c t u r e .
It should be noted, however, that if a body i s heated
to a high t e m p e r a t u r e during the nonloaded per iod, it
i s found exper imental ly E55^ that changes a r e r e v e r s e d
and т^ + т2> т. After a sufficiently long per iod at high
t e m p e r a t u r e s , changes o c c u r r i n g during the f i r s t
loaded per iod a r e completely r e v e r s e d and we have

T2 = T.
The changes o c c u r r i n g in loaded bodies and leading

•For other perdnent effects seeM.
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to fracture are of great fundamental interest. The ex-
ponential factor exp (Uo /kT) in (6) shows that thermal
fluctuations are involved in the changes. Fracture r e -
sults from the growth of cracks* of Griffith's "c r i t i -
cal s ize . " These are cracks whose growth reduces
the elastic energy of the system more rapidly than
the simultaneous increase of surface energy. It is
thus reasonable to assume that in a stressed body the
already existing or generated microcracks grow to the
critical size under the given s t res s . t

Different mechanisms of crack growth can exist at
different temperatures, even though the growth proc-
ess always involves thermal fluctuations. At high tem-
peratures the mechanism can be purely diffusional,
while at medium temperatures thermally activated
dislocation motion can also be involved. The purely
diffusional model of crack growth was developed in
'-5?-'. It was postulated there that small incipient
cracks (besides those due to inhomogeneities or im-
perfections ) can result from vacancy clusters and
can expand under a load. The stress concentration
generated on the edges of cracks considerably r e -
duces the activation energy required to add vacancies
to a crack. In this way microcracks can grow at an
appreciable rate even at not very high temperatures.
Diffusional crack growth will not occur in an unloaded
body at the same temperatures, because intensified
stresses no longer reduce the activation energy.

The accumulation of vacancies in flat layers per-
pendicular to the direction of extension (crack for-
mation and growth) reduces the elastic energy. Also,
no work is required to increase the surface energy,
since bonds between atoms lying on crack surfaces
have already been broken as vacancies were formed.
This process will therefore be "spontaneous" and can be
observed experimentally under certain conditions.

For example, E'8-' in electrolytic metallic films
having a very imperfect structure and reduced density
heating results in processes of lattice "healing" ( r e -

•Fracture through the growth of cracks also applies to the
case of so-called local brittle fracture, even when this is ac-
companied by plastic deformation near the site of the fracture.
Other forms of fracture in metals and alloys are also known, par-
ticularly the fibrous structure on the fracture surface, where the
separation of two parts of a body proceeds through the extreme
local elongation of individual fibers as a result of large local
plastic deformation. Here the breaking of each fiber results from
extreme local elongation that reduces the cross section to zero,
as in the breaking of very viscous liquid filaments. The fibrous
structure of a fracture surface represents "viscous" fracture,[36]
which will not be discussed in the present article.

tThe growth of macroscopic cracks is sometimes accompanied
by plastic deformation in a layer of some thickness (less than
crack length) adjacent to the crack surface. In this case, in ad-
dition to an increase of surface energy, work is done to produce
plastic deformation. The critical crack size now depends on the
stress according to the formulaM (see alsoM) a\f\ = \/Ep,
where p is the specific work of plastic deformation when p » a .
When a cannot be neglected compared with p, we have the for-
mula a\[\ = \/Е(Р + a) . ["]

g i o n s h a v i n g a r e g u l a r c r y s t a l s t r u c t u r e a p p e a r ) . T h e

o b s e r v a t i o n of l o w - a n g l e x - r a y s c a t t e r i n g a l s o s h o w s

t h a t " s u b m i c r o p o r o s i t y " i s p r o d u c e d . E x c e s s v a c a n -

c i e s u n i t e a s t h e l a t t i c e i s h e a l e d t o f o r m s u b m i c r o -

p o r e s . W i t h i n c r e a s i n g t e m p e r a t u r e t h e s u b m i c r o -

p o r o s i t y g r o w s t o a m a x i m u m , a f t e r w h i c h i t d e c r e a s e s

p r a c t i c a l l y t o z e r o ( a s a r e s u l t of s i n t e r i n g , i . e . , t h e

r e m o v a l of p o r e s b y d i f f u s i o n ) . T h i s r e p r e s e n t s a n

a p p r o a c h t o t h e r m o d y n a m i c e q u i l i b r i u m of t h e b o d y .

U n d e r t e n s i o n , h o w e v e r , p r o c e s s e s i n d u c e d b y h e a t i n g

d e v e l o p i n a n e n t i r e l y d i f f e r e n t m a n n e r . S u b m i c r o -

p o r o s i t y n o t o n l y d o e s n o t d e c r e a s e a t v e r y h i g h t e m -

p e r a t u r e s b u t i n c r e a s e s s t r o n g l y w i t h a p p l i e d s t r e s s .

In a n e l o n g a t e d b o d y a n e a r - e q u i l i b r i u m s t a t e i n c l u d e s

p o r e s s i m i l a r i n s h a p e t o m i c r o c r a c k s . A f t e r h i g h -

t e m p e r a t u r e a n n e a l i n g u n d e r a l o a d t h e c r a c k s b e c o m e

l a r g e e n o u g h t o b e s e e n t h r o u g h a m i c r o s c o p e .

We h a v e t h u s found t h a t c r a c k s f o r m a n d g r o w

s p o n t a n e o u s l y i n a s t r e s s e d b o d y . T h e r e s u l t i n g s t a t e

i s n e a r e r t o e q u i l i b r i u m t h a n i n t h e a b s e n c e of c r a c k s .

T h e d i r e c t o b s e r v a t i o n of t h e f o r e g o i n g e f fec t i s ,

of c o u r s e , p o s s i b l e o n l y f o r s p e c i a l o b j e c t s s u c h a s

e l e c t r o l y t i c m e t a l l i c f i l m s , d u e t o t h e l a r g e e x c e s s of

v a c a n c i e s c r e a t e d a t h i g h t e m p e r a t u r e s . T h e r e c a n

b e n o d o u b t t h a t s i m i l a r p r o c e s s e s a l s o o c c u r i n o r -

d i n a r y c a s t m e t a l s a n d a l l o y s a s c r a c k s of c r i t i c a l

s i z e a r e g e n e r a t e d .

C o n s i d e r i n g t h a t t h e e f f e c t i v e m e a n s t r e s s a t t h e

edge of a crack is increased by a factor ~ Л./6 (Л is
the crack length and 6 is the atomic diameter) and
that Л = б/гГ, where n is the number of vacancies
uniting to form a crack, we can estimate the reduc-
tion of activation energy required to unite a neighbor-
ing vacancy to a crack. The result obtained is cr63V"n~.
It must also be remembered that the joining of a va-
cancy to a crack means that an atom lying at the edge
of a crack moves deeper into the crystal. The elastic
energy of the volume element occupied by this atom
is then reduced by а2б3/2Е, £57H where E is the elas-
tic modulus. In the inverse process the energy of the
system would increase by the same amount. An ele-
mentary calculation of the kinetics of pure diffusional
crack growth, with the foregoing considerations taken
into account, yields the following formula: E573

(7)

where С is a constant of the order of unity and D is
the self-diffusion coefficient. D = Do exp ( - U 0 /kT),
where Uo is the activation energy for self-diffusion
and n0 is the number of vacancies forming the initial
incipient crack. Equation (7) differs from (6) by the
pre-exponential factor, which makes т infinite when
a = 0 and T ^ 0. The same factor also contains (kT) 2 .
Therefore when (7) is fitted to experimental data (over
a broad temperature range) the value obtained for the
activation energy of fracture differs from the result
obtained by means of (6). t 5 4] It has been found E58^
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that the available measurements, including those given
in C5 3.5 4], are consistent with an activation energy that
is practically equal to the activation energy for self-
diffusion. The value of n0 is found to be of the order
103, corresponding to incipient cracks having an initial
length ~ 10~6 cm.

In recent studies the initiation and growth of cracks
in stressed bodies have been considered from the point
of view of dislocation theory. In most cases the details
of the thermally activated process have been omitted, and
thermal activation has been treated purely formally by
including the exponential factor exp ( —U 0 /kT). The
initial hypothesis of this treatment is that there can
be no stable existence of microcracks in solids with-
out a dislocation mechanism. An initiated crack should
close up spontaneously with the formation of a pr i s-
matic dislocation, since the elastic energy of the dis-
location will be smaller than the surface energy of the
crack. It is estimated in ^7S^ that a thin stable planar
crack in a plastic crystal can attain a length of the
order 10~7—10~6 cm, and can reach 10~5 cm only in
special cases. It must be noted that this and similar
estimates pertain to an ideal crystal containing no
imperfections other than the given crack or a pr is-
matic dislocation resulting from the closing of the
crack. It is easily seen that when any irregularities
exist near a crack, such as atomic clusters in inter-
stices or other edge dislocations, the elastic energy
of the system can be elevated much more by the
closing of the crack than has been assumed in the
aforementioned calculation. Therefore a stable crack
is considerably lengthened.* All dislocation schemes
of crack generation and growth essentially use, in
some form or other, the idea that some assembly of
dislocations leads to the generation and stable growth
of cracks. Stroh's model E36^ is often used as a basis.
Here, when an array of parallel dislocations is piled
up at an obstacle, the high stress field created around
the leading dislocation can induce the creation and
propagation of a crack to some distance with the speed
of sound. The weakness of this model is the difficulty
of indicating the specific obstacles that immobilize a
leading dislocation and that are able to maintain very
high stress concentrations (except possibly when the
obstacle is a grain boundary).

In E59^ the aforementioned model is the basis of a
schematic account of non-diffusional crack growth ac-
companied by considerable plastic deformation (Fig. 4).
It is here suggested that piled-up dislocations enter a
developing crack; this leads to a reduction of the stress
blocking the dislocation source feeding the given slip

*It must also be kept in mind that in the initial stage of crack
collapse the total crystal energy will not be reduced, but will in-
crease since the surface energy remains practically unchanged
while the elastic energy increases. This means that the two
states of the body—with a collapsed (closed-up) and uncollapsed
crack, respectively—are separated by a potential barrier that
rises even higher when a tensile stress is applied to the body.

FIG. 4. Propagation of a crack.t5']

plane, and the source emits additional dislocations. It
is also assumed that since the wide end and tip of a
crack are subject to a tensile stress, crack growth
by a fluctuation mechanism becomes possible. A crack
can then grow by a series of jumps; in each jump a r e -
distribution of stresses occurs in the slip plane supply-
ing the crack with dislocations, and additional disloca-
tions enter the crack. When the tip of a crack reaches
the next slip plane (Fig. 4) it enters a compressed r e -
gion of the crystal and the growth of the crack is de-
celerated. It is assumed that the crack tip can pass
through the next slip plane abruptly, after which prop-
agation of the crack in the extended crystal region be-
comes easier, while the part of the crack on the other
side of the slip plane closes. The second slip plane is
then in the same state that existed in the first slip
plane when the crack opened up; the process continues
in this manner. A crack propagating through a crystal
leaves a trail in the form of microcracks alternating
with dense regions, thus weakening a cross section of
the crystal. Since during the propagation of a crack
blocked dislocation sources are reactivated and begin
to emit new dislocations, the growth of a crack must
be accompanied by plastic deformation. A computation
in E593 shows that on this model the product of the load-
endurance interval т and the deformation rate V is
constant ( VT = 1СГ1), in agreement with certain ex-
perimental data on metals. ^54-' It is assumed that

V = *'»»„ exp - kT
where e0 is the frequency

of lattice vibrations and V is the mean distance be-
tween obstacles, the surmounting of which determines
the velocity of crack propagation. Although this is a
thermally activated process, Uo was not computed
but was assumed to have the excessive value given in
E54^ without the aforementioned pre-exponential factor.

In i-603 a different calculation, based on a disloca-
tion mechanism, takes into account the energetic ad-
vantage of crack opening. It is here assumed that
stresses are concentrated in a layer of thickness I
~ 10~G cm between grains of a polycrystal with grain
diameters d » I. Following the relaxation of stresses,
slip and the concentration of elastic energy in the given
layer produce the higher stress ux = crVd/7 in the lat-
ter. It is shown that the opening of a crack is favored
energetically only when a > E(6/d) 3 ' 4 , where E is
the elastic modulus.* When <r>E V6/d the stress at
the wide end of a crack exceeds the theoretical strength,
and in an ideal elastic body a crack should develop with

*The surface tension is estimated to be a~ES.
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the velocity of sound. When a is between the limits
E(6/d) 3/ 4 < <T < Efe/d) 1/ 2 crack growth through ther-
mal fluctuations is possible at a slow rate. Crack
growth is favored energetically, but since the s tress
is subcritical thermal fluctuations are necessary for
the growth. In C6°] crack growth is regarded as caused
by intensified stresses with thermal fluctuations aiding
the successive local breaking of bonds between atoms,
thus overcoming the "theoretical" strength. The load-
endurance interval is given by the formula

x = т0exp v ff ; •
(8)

which is taken to agree with the experimental results
given in t53»64!]. However, the authors of '-60-' disregard
the fact that the calculation of TQ gave

х°=1^Уе~*' (8a)

where /3 is a constant and u0 is the period of lattice
vibrations, i.e., that the pre-exponential factor contains
(kT) 2 . The activation energy of the fracture process
determined experimentally from (8) or (8a) will not co-
incide with the latent heat of vaporization, as was found
in C 5 3 ' 5 4 ^

A positive result achieved in l-60^ is the relationship
established between у and d: у = 63Vd/6, i.e., у
~ Jd , thus confirming the experimental data on the
endurance interval of metals and alloys with different
grain sizes. ^61^ This result appears to follow from
the hypothesis that stresses are concentrated in lay-
ers . A similar relation between fracture strength
(in short-time static tests) and grain size follows
from Stroh's model (on the hypothesis that disloca-
tions are stopped at grain boundaries) and is non-
firmed experimentally. £80,84] W e n o t e t h a t [60] c o n _
siders neither the specific dislocation mechanism
causing stresses nor the form of thermal fluctuations.
Comparative activation energies are not calculated for
the proposed and other fluctuation processes. When a
crack develops with the breaking of interatomic bonds,
only a small fraction of bonds between each atom and
its neighbors will be affected and we would expect the
activation energy to be considerably smaller than the
latent heat of vaporization per atom, which corresponds
to the breaking of all bonds. In this case the activation
energy will also not coincide with the activation energy
for self-diffusion.

More accurate information is needed regarding the
temperature and stress ranges in which the fracture
mechanism of '-60-' is valid. The same applies to the
other fracture mechanisms mentioned above.

Although there is no doubt that at low temperatures
cracks are generated and grow through some disloca-
tional mechanism aided by thermal fluctuations, addi-
tional understanding of this mechanism is still r e -
quired. Decisive information would be obtained by
direct observation, as in an electron microscope, of

effects produced by dislocation interactions and crack
formation.

Up to the present time several interesting observa-
tions have resulted from the use of optical micro-
scopes, although only relatively large cracks have
been detected. In C90~82H the development of pores
and cracks at a copper bicrystal boundary has been
investigated under shear s tresses applied parallel to
the boundary. It was found that the area of pores and
cracks relative to the boundary area is proportional
to slip deformation along the boundary (displacement
of the two parts of the bicrystal). The proportionality
coefficient is independent of the experimental temper-
ature (650—900°C). The authors assume that this ob-
servation excludes the possibility of pore and crack
formation through vacancy condensation. They relate
pores and cracks to the existence of boundary jogs
existing originally or resulting from plastic deforma-
tion in the halves of the bicrystal. (Slip along crystal-
lographic planes inclined with respect to the boundary
is understood.) The last explanation was advanced
in E943. However, since slip along grain boundaries
is known to depend exponentially on the reciprocal of
temperature* for a given applied s t ress , the same
temperature dependence is obtained from the results
in C91"93] for a relative area of pores and cracks that
does not exclude the possibility of a vacancy mecha-
nism. In C91-83J n 0 quantitative data are given regard-
ing the temperature dependence of slip on a bicrystal
boundary, nor the dependence of slip on the relative
orientation of bicrystal grains (halves). The micro-
scopic pattern of deformation in the grains was not
investigated.

Important microscopic observations of crack for-
mation have been reported for deformed zinc single
crystals. Thus Gilman observed cracks in Zn slip
planes (which are here also cleavage planes) that
cannot be attributed to piled-up dislocations since a
pile-up produces zero normal s t ress on a slip plane.
In the model proposed to account for this effect a
crack represents the break in a vertical dislocational
wall (perpendicular to a slip plane) when a part of
the wall is immobilized by an obstacle, such as a sub-
grain boundary, while the remainder of the wall is
moved by an applied s t ress .

The explanation of crack development in stressed
bodies is aided by the observation of the behavior of
bodies in the presence of absorptionally active media
that reduce the surface tension and thus increase
crack size. In a microscopic investigation of crack
development in amalgamated zinc crystals, Rozhan-
skiiC94»953 studied the bending of slip planes, as a r e -
sult of which a dislocation pile-up easily generates

*Slip on grain boundaries is related linearly to creep elonga-
tion. ["] According toM the relative displacement of the grains
on the boundary results principally from unequal grain deforma-
tion on both sides of the boundary.
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cracks at the tip of the pile-up itself (as in Gilman's
mechanism) rather than ahead of the pile-up (as cal-
culated by Stroh). According to Rozhanskii 's obser-
vations such cracks formed in nearly parallel slip
planes are easily joined, resulting in crystal fracture.
The calculation of the conditions for crack formation
in a slip plane, with slip developing along bent planes,
was given recently by Indenbom, ^963 who also consid-
ered other mechanisms of crack formation.

Kochanova et al ^7T^ reports an investigation of
cracks in differently oriented amalgamated zinc crys-
tals with different elongations. It was concluded that
a crack results initially from deformational inhomo-
geneities (incomplete shearing or dislocation clusters),
i.e., the applied cleavage stress plays the principal
role. When the effective normal stress becomes so
large that the crack becomes unstable and able to grow
by the Griffith mechanism, the second stage of crack
development begins and leads rapidly to fracture. The
same article contains an investigation of cleavage
through the brittle fracture of amalgamated zinc single
crystals. The observed pattern was interpreted using
ideas regarding the dominant role of edge or screw
dislocations in the formation of cleavage cracks.
These conclusions have still not been extended to the
temperature-velocity dependence of brittle fracture,
like the aforementioned results of other microscopic
investigations.

With regard to the macroscopic laws greatest in-
terest attaches to a comparison of experiment with
the pre-exponential factor in the formula for т, since
the same exponential expression applies formally to
the different models and mechanisms. Experiment
shows C47^ that in many metals In т + 3 In a at medium
and high temperatures depends linearly on a (Fig. 5),
which corresponds to a diffusional mechanism of crack
growth. We must note, however, that the dislocational
theory of long-time strength has still not been per-
fected to take dislocation climb into account. The ex-
perimentally observed relation In (та3) ~ Acr is a
possibility here.

Evidence supporting the diffusional mechanism of
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FIG. 5. Dependence of In -r + 3 In a on stress a for Cu and
Ni specimens.?47] 1 - Ni, 900°; 2 - Ni, 1100°; 3 - Cu, 900°;
4 - Cu, 1040°.

crack growth at medium and high temperatures is pro-
vided by measurements of the load-endurance interval
performed on cold-worked or electrolytic specimens
(i.e., in an initially nonequilibrium state). The data
of C82] shown in Fig. 6 reveal the longest endurance
interval at high temperatures in annealed specimens,
which are closest to thermodynamic equilibrium.
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FIG. 6. Dependence of In т on ст for Cu specimens at differ-
temperatures.t"] 1 — annealed specimens; 2 — 20% deformed
cimens (at room temperature); 3 — 50% deformed specimens;
electrolytic specimens.

ent
specimens (at
4 — electrolytic specimens.

F r a c t u r e s t r e n g t h ( a n d t h e e n d u r a n c e i n t e r v a l ) a r e

r e d u c e d i n c o l d - w o r k e d a n d e s p e c i a l l y i n e l e c t r o l y t i c

s p e c i m e n s , w h e r e a t m e d i u m a n d h i g h t e m p e r a t u r e s ,

a s i s w e l l k n o w n , a l l d i f f u s i o n p r o c e s s e s a r e a c c e l e r -

a t e d a s a l a r g e n u m b e r of e x c e s s v a c a n c i e s a p p e a r

w i t h " h e a l i n g " of t h e l a t t i c e . On t h e o t h e r h a n d , a t

t e m p e r a t u r e s w h e r e t h e d i s l o c a t i o n a l m e c h a n i s m of

d e l a y e d f r a c t u r e i s a c t i v e , w e c a n e x p e c t a n e n h a n c e d

i n t e r v a l a n d f r a c t u r e s t r e n g t h f o l l o w i n g c o l d w o r k i n g .

IV. D I F F U S I O N A L C R E E P

J . I. F r e n k e l w a s t h e f i r s t t o p o i n t o u t ^ ^ t h a t a t

h i g h t e m p e r a t u r e s e x t e r n a l f o r c e s c a n i n d u c e p e r m a -

n e n t d e f o r m a t i o n i n s o l i d s t h r o u g h " v i s c o u s f l o w "

s i m i l a r t o t h e f low of a v i s c o u s fluid a n d r e s u l t i n g

f r o m s u c c e s s i v e r a n d o m m o t i o n s of i n d i v i d u a l a t o m s ,

i . e . , b y d i f f u s i o n p r o c e s s e s . T h i s k i n d of d e f o r m a t i o n

s h o u l d o c c u r u n d e r a n y s m a l l , n o n v a n i s h i n g , a p p l i e d

s t r e s s a n d i s t h u s c h a r a c t e r i z e d b y t h e a b s e n c e of a

y i e l d p o i n t , w h i c h i s a l w a y s a s s o c i a t e d w i t h d e f o r m a -
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tions depending on dis location motion. Deformation
resu l t ing from viscous flow does not produce h a r d e n -
ing and will p r o g r e s s at a constant velocity V p r o p o r -
tional t o the applied s t r e s s : V = a/77, where 17 is the
coefficient of v iscosi ty. In viscous flow the shape of
a body can change without affecting i ts c rys ta l l ine
s t r u c t u r e ; there fore i ts behavior under external forces
should be unchanged, independently of any preceding
deformation. The foregoing p e r t a i n s only to bodies in
a s t a t e of thermodynamic equi l ibr ium o r to bodies in
which such equil ibrium i s establ ished very rapidly.
In p r a c t i c e , c rys ta l l ine bodies heated to the high t e m -
p e r a t u r e s a t which viscous flow can occur always have
a previous h i s tory involving la t t ice defects that influ-
ence the viscous flow. It i s impor tant that at high t e m -
p e r a t u r e s the " h e a l i n g " of nonequil ibrium effects o c -
c u r s a s well as an approach to thermodynamic equi-
l i b r i u m . Frenkel developed the concept of v iscous
flow as applied to the s inter ing observed at high t e m -
p e r a t u r e s in p r e s s e d crys ta l l ine powders , where d e -
formation r e s u l t s in viscous flow under capi l lary
forces . It m u s t be emphas ized that, according to
Frenkel , a diffusion mechanism provides the b a s i s
for viscous flow. This i s seen from the r e l a t i o n b e -
tween the coefficients of v iscosi ty and self-diffusion:

0 )

w h e r e L is some c h a r a c t e r i s t i c d imension of the body.
Equation (9) is very genera l and i s der ived from the
differential equations of v iscous flow and diffusion, i n -
dependently of the kind of s t r e s s e d s t a t e . In the given
form it applies to c r y s t a l s ; a s i m i l a r re la t ion 1/TJ
= D6/kT for liquid (or a m o r p h o u s ) bodies i s obtained
from (9) by subst i tut ing L = 6.

Unfortunately, the l i t e r a t u r e , especia l ly the t e c h n i -
cal l i t e r a t u r e , '-63-' r e v e a l s a l a r g e amount of confusion
about this topic. Different t h e o r i e s of s inter ing, based
on ideas regard ing bulk diffusion, vacancy migra t ion
e t c . , a r e r e g a r d e d as independent of each other a l -
though they do not differ e s sent ia l ly from the Frenkel
theory of s inter ing . It has been s ta ted that the ex i s t -
ence of a l a r g e number of different s inter ing t h e o r i e s
r e s u l t s from the g rea t complexity of the effect, which
can thus not be descr ibed by a s ingle theory. In a c t u -
ality the pr inc ipa l p r o c e s s involved in s inter ing i s dif-
fusional c r e e p (which Frenke l cal led viscous flow).
The effects that accompany s inter ing ( recrys ta l l i za t ion,
diffusion along gra in boundar ies , evaporat ion and con-
densation from the gaseous phase , heterodiffusion in
mult icomponent s y s t e m s e t c . ) , l ike s inter ing itself,
a r e p r o c e s s e s where in the s y s t e m approaches t h e r -
modynamic equi l ibr ium and a r e r e a l i z e d through a
diffusion m e c h a n i s m o r s i m i l a r effects resu l t ing from
t h e r m a l fluctuations. The laws of s i n t e r i n g a r e d i s -
cussed elsewhere;'- 4 4-' we wish only to point out that
in r e a l c a s e s these laws a r e complicated by the d e -
p a r t u r e of c r y s t a l la t t ices from thermodynamic equi-

l ibr ium in gra ins of d i s p e r s e d powders dur ing s i n t e r -
ing. This i s shown mainly by the g r e a t e r velocity of
diffusion p r o c e s s e s resu l t ing from a l a r g e number
of excess vacancies and by the gradual d e c r e a s e of
this velocity as thermodynamic equi l ibr ium is a p -
proached.

The exper imenta l investigation of diffusional c r e e p
(viscous flow) by observing s inter ing is difficult b e -
cause i t is imposs ible to exclude the influence of c a p -
i l lary forces during heating, when the s ta te of a body
changes as it approaches equi l ibr ium. T h e r e is t h e r e -
fore g r e a t i n t e r e s t in the exper iments w h e r e viscous
flow is observed (in c a s t m e t a l s and al loys, and
c e r m e t s ) under external f o r c e s . These exper iments
have given us a m o r e detai led unders tanding of the
bas ic c h a r a c t e r of p u r e diffusional c r e e p at high t e m -
p e r a t u r e s .

Diffusional c r e e p in polycrysta l l ine m e t a l s , for ex-
ample, outwardly r e s e m b l e s c r e e p resu l t ing from the
motion o r cl imb of d i s locat ions . In this c a s e changes
in the c r e e p r a t e a r e a l so divided into t h r e e s tages :
1) unsteady d e c r e a s i n g c r e e p , 2) s teady-s ta te c r e e p ,
and 3) a c c e l e r a t e d c r e e p ending in f r a c t u r e . (These
s tages have a great ly different origin than for d i s loca-
tional c r e e p . ) The f i r s t s tage depends ent i re ly on the
initial nonequil ibrium of these s p e c i m e n s . After p r e -
annealing at high t e m p e r a t u r e s the f i r s t s tage d i s a p -
p e a r s completely (Fig. 7). Creep from the instant of
loading then o c c u r s at a constant r a t e , which in wel l-
annealed s p e c i m e n s i s s t r i c t l y proport ional to the
applied s t r e s s , as is to be expected f rom the Frenkel
theory of v iscous flow. An enhanced but diminishing
c r e e p r a t e in the f i rs t s tage of unannealed spec imens
c l e a r l y r e s u l t s f rom the i n c r e a s e d velocity of the dif-
fusion p r o c e s s , probably caused by the excess vacan-
cies that a p p e a r when lat t ice defects a r e " h e a l e d . "
The f i rs t s tage of diffusional c r e e p can be induced
art i f icial ly by cold working of wel l-annealed s p e c i -
m e n s (Fig. 8). It is in teres t ing that diffusional and
dislocational c r e e p exhibit opposite effects induced

t, hrs
FIG. 7. Creep (elongation tu/l vs. time t) at 1000°C under

the load a = 10 g/mm2 in Cu specimens pre-annealed at 1000°C
for different periods. 1 - 0 = 0; 2 — 6= 15 min; 3 - в = 1 hr;
4 _ в = 4 hrs.M
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FIG. 8. Dependence of Ы./1 on time t for creep in Fe.L84]

1 - at 900°C after heating to 1250°; 2 - at 900° after heating
to 1250° plus 2% deformation at room temperature; 3 — at 900°
after heating to 1250° plus 10% deformation at room temperature;
4 - at 1200° after heating to 1250° plus 10% deformation at room
temperature; 5 - at 1200° after heating to 1250°. The dashed
curve i s given for a specimen tested at 900° without pre-anneal-
ing. In all cases a = 100 g/mm2.

b y c o l d - w o r k i n g a n d a n n e a l i n g . A f t e r c o l d - w o r k i n g ,

d i s l o c a t i o n a l c r e e p d i m i n i s h e s i n t h e f i r s t s t a g e w h i l e

d i f f u s i o n a l c r e e p i s e n h a n c e d . ^64H On t h e o t h e r h a n d ,

a f t e r a n a n n e a l d i s l o c a t i o n a l c r e e p i s e n h a n c e d i n t h e

f i r s t s t a g e w h i l e d i f f u s i o n a l c r e e p , a s a l r e a d y n o t e d ,

d i s a p p e a r s .

P r o c e s s e s t h a t i n c r e a s e t h e v a c a n c y c o n c e n t r a t i o n

( l e a d i n g a w a y f r o m e q u i l i b r i u m ) m u s t a c c e l e r a t e dif-

f u s i o n a l c r e e p , e s p e c i a l l y i n t h e f i r s t s t a g e . T h u s i n

a n o n h o m o g e n e o u s s y s t e m of g r a i n s of i n t e r d i f f u s i n g

m e t a l s ( s u c h a s p r e s s e d m i x t u r e s of Ni a n d Cu p o w -

d e r s ) , w h e r e h e a t i n g i n d u c e s u n e q u a l p a r t i a l h e t e r o -

d i f f u s i o n a c c o m p a n i e d b y t h e c r e a t i o n of v e r y m a n y

e x c e s s v a c a n c i e s , a v e r y s h a r p l y p r o n o u n c e d s t a g e of

d i f f u s i o n a l c r e e p i s o b s e r v e d . ^ 5 0 ^

It s h o u l d b e n o t e d t h a t i n c r y s t a l s w i t h s e v e r a l di f-

f e r e n t i n d i c a t i o n s of n o n e q u i l i b r i u m , s p e c i f i c a l l y i n

m e t a l s a n d a l l o y s w i t h l a t t i c e d i s t o r t i o n s , i n h o m o g e -

n e o u s c o m p o s i t i o n , p o r o s i t y e t c . , e x t e r n a l f o r c e s a p -

p l i e d a t h i g h t e m p e r a t u r e s i n d u c e v a r i o u s d i f f u s i o n

p r o c e s s e s b y w h i c h t h e r m o d y n a m i c e q u i l i b r i u m i s

a p p r o a c h e d t h r o u g h a n i d e n t i c a l v a c a n c y m e c h a n i s m .

T h e r a t e s of s u c h p r o c e s s e s d e p e n d o n t h e s i m u l t a n e -

o u s o c c u r r e n c e of o t h e r p r o c e s s e s . S p e c i f i c a l l y , a c -

c e l e r a t i o n r e c o v e r y u n d e r l o a d i s o b s e r v e d . D u r i n g

c r e e p t h e r e i s a m o r e r a p i d d e c e l e r a t i o n of s i n t e r i n g ,

h e t e r o d i f f u s i o n e t c . b e c a u s e of t h e m o r e r a p i d r e m o v a l

of e x c e s s v a c a n c i e s p a r t i c i p a t i n g i n c r e e p . C65^

T h u s t h e e x p e r i m e n t a l i n v e s t i g a t i o n s of d i f f u s i o n a l

c r e e p a t h i g h t e m p e r a t u r e s h a v e r e v e a l e d s e v e r a l

" n o n e q u i l i b r i u m " e f f e c t s g o v e r n i n g t h e b e h a v i o r of

b o d i e s a n d d e t e r m i n i n g h o w v i s c o u s flow c h a n g e s t h e

c o n d i t i o n s f o r t h e a p p r o a c h of a s y s t e m t o e q u i l i b r i u m .

It m u s t b e m e n t i o n e d t h a t u n t i l a s y s t e m h a s r e a c h e d

c o m p l e t e e q u i l i b r i u m t h e o b s e r v e d l a w s of c r e e p d i f f e r

f r o m t h e e x p e c t e d b e h a v i o r . T h u s i n t h e c a s e of i n -

c o m p l e t e e q u i l i b r i u m t h e s t e a d y - s t a t e c r e e p r a t e i s

proportional to a^- with к ~ 1.3—1.5; к = 1 only in
well-annealed specimens. The self-diffusion coeffi-
cient D = Do exp (— Uo /kT) calculated from data on 77
is also too large; the activation energy Uo is too small
and only in extremely well-annealed specimens attains
a value consistent with that determined directly in
self-diffusion experiments. t50>64^

In addition to the nonequilibrium effects that distin-
guish creep in crystalline bodies from creep in amor-
phous (or liquid) bodies a specific effect in crystal
deformation by diffusional creep must be mentioned;
this is the so-called "aftereffect." At the unloading
of a specimen subjected to high-temperature creep,
deformation of reversed sign is observed C66^ having
a value тг depending on the stress and temperature at
which creep takes place. The following laws have been
observed to govern the aftereffect deformation ж. At
a given temperature 7r is proportional to the rate of
preceding creep; this is independent of whether the
creep rate changed under an applied stress of different
magnitude, or through pre-annealing that brought the
specimens near thermodynamic equilibrium in experi-
ments where the applied stress remained constant
(Fig. 9). When the applied stress remains constant
and temperature varies (along with the creep rate,
which increases with temperature) the observed after-
effect is reduced as the temperature increases (and

7Г1О3, mm n/V, s e c
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F I G . 9 . a ) D e p e n d e n c e o f t h e r e v e r s e a f t e r e f f e c t n ( 1 ) a n d

r a t i o 17/V ( w h e r e V i s t h e c r e e p r a t e ) ( 2 ) o n s t r e s s a i n C u a t

850°C, for four stresses: 32, 61, 89, and Ш g/mm 2 ! 6 6 ] b) n/V
as a function of the duration в of pre-annealing at 1040°C.
Tested at 850°C, a = 30 g/mm 2 ! 6 6 ]
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КN4\ 4,\44650m9501050T.'CFIG. 10. Temperature dependence of the reverse aftereffect nin Cu (a = 30 g/mm1, at 850, 900, 950, and 1000°C).["]approaches zero at the melting point—Fig. 10). If withchanging temperature the load is such as to maintainthe creep rate, the observed aftereffect deformationis proportional to the load (Fig. 11). The ratio of nto deformational creep Al approaches unity forAl — 0 and then decreases, at first extremely rapidlyand then more slowly (Fig. 12). These laws agree withthe interpretation of the diffusional mechanism ofcreep in a uniformly stressed state, ̂ 68-' according to
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FIG. 11. Dependence of л at different temperatures (for
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FIG. 12. Dependence of the ratio тг/А/ on creep deformation
at constant temperature (900°C) for different stresses. 1— 25,
2 - 50, 3 - 100, 4 - 150 g/mm'.M

w h i c h e l o n g a t i o n a f ter c r e e p d e f o r m a t i o n under t e n s i l e

s t r e s s p r o c e e d s gradua l ly through a t o m i c di f fusion

that f i l l s e x t r a a t o m i c p l a n e s l o c a t e d b e t w e e n the fun-

d a m e n t a l c r y s t a l p l a n e s p e r p e n d i c u l a r to the d i r e c t i o n

of t e n s i l e load ing . The e x t r a p l a n e s a r e bui l t up out

of a t o m s d e p a r t i n g f r o m the l a t e r a l s u r f a c e s of the

s p e c i m e n . Dur ing the in i t ia l s t a g e of c r e e p e longat ion

the appl ied s t r e s s f i r s t p r o d u c e s t w o - d i m e n s i o n a l nu-

c l e i of new p l a n e s , wh ich a r e in m o s t c a s e s e x t r e m e l y

unstab le . R e l e a s e of the appl ied s t r e s s i s suf f ic ient to

c a u s e " r e s o r p t i o n " of t h e s e n u c l e i by dif fusion. With

a c o n s i d e r a b l e d e v e l o p m e n t of c r e e p e longat ion the

r e l a t i v e n u m b e r of t h e s e n u c l e i d e c r e a s e s s h a r p l y at

f i r s t , and l a t e r m o r e s l o w l y . N u c l e i at ta in ing m a c r o -

s c o p i c d i m e n s i o n s (hav ing a r e a s of the s a m e o r d e r a s

the c r o s s - s e c t i o n a l a r e a of a g r a i n ) w i l l r e m a i n a f ter

unloading. H o w e v e r , an appl ied s t r e s s cont inua l ly g e n -

e r a t e s new r e l a t i v e l y uns tab le n u c l e i w h o s e " r e s o r p -

t i o n " at unloading c a u s e s the a f tere f fect .

T h e r e i s c o n s i d e r a b l e i n t e r e s t in the e x p e r i m e n t a l

study of c r e e p at high t e m p e r a t u r e s in s i n g l e c r y s t a l s

and b r i t t l e c r y s t a l l i n e b o d i e s , w h e r e it i s e a s y to o b -

s e r v e d i r e c t l y the s t r u c t u r a l c h a n g e s a c c o m p a n y i n g

d e f o r m a t i o n . Such i n v e s t i g a t i o n s a r e s t i l l few in n u m -

b e r . In ^"4 c r e e p w a s s tud ied in the e l o n g a t i o n of

b r i t t l e c r y s t a l l i n e s p e c i m e n s of a l u m i n u m (f lat r i b -

bons 2.5 m m t h i c k ) hav ing ~ 3 . 3 - m m m e a n g r a i n s i z e

in the p l a n e of the r ibbon. The e x p e r i m e n t s w e r e c o n -

ducted n e a r the m e l t i n g t e m p e r a t u r e ( a t 920°K o r

6 4 7 ° C ) ; the s t r e s s v a r i e d f r o m 2 . 2 4 to 28.5 g / m m 2

( 2 . 8 — 3 6 . 5 5 l b / i n 2 ) . An a l m o s t c o n s t a n t c r e e p r a t e

w a s o b s e r v e d at e a c h s t r e s s (Fig . 13). At t h e l o w e s t

appl ied s t r e s s e s the s p e c i m e n w a s c o m p r e s s e d i n s t e a d

of b e i n g e x t e n d e d ; th i s i s a c c o u n t e d for by s u r f a c e t e n -

s i o n , w h i c h m a k e s a s p e c i m e n tend to b e c o m e equ id i-

m e n s i o n a l through r e d u c t i o n of i t s l ength . T h e s e e x -

p e r i m e n t s w e r e p e r f o r m e d in a i r and the s p e c i m e n

w a s c o v e r e d with a thin o x i d e f i lm, s o that the e f fect

r e s u l t e d f r o m the s u r f a c e t e n s i o n of A1 2 O 3 and t h e

i n t e r p h a s e s u r f a c e t e n s i o n at the Al—A1 2 O 3 boundary.

The d e p e n d e n c e of the c r e e p r a t e V on s t r e s s i s shown

in F i g . 14. V > 0 beg inn ing at 3.2 g / m m 2 ; up to 10 .4

3
W\

от,

• 29,2 g/mm*

if/ы&£
y^\/̂^^—̂-~-*~\, i-
ymi

—1.5,25-̂JL^iO
woo гот то

Time, min
WOO 5000

FIG. 13. Creep in high-purity Al at 920°K (647°C) at stresses
from 2.24 to 28.5 g/mm2.["l
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го ж
g/mm2

FIG. 14. Dependence of creep rate V on stress a in high-pu-
rity Al at 647°C.['7]

g/mm2 V depended linearly on the stress <x. At higher
stresses V increased approximately as the fourth
power of cr. By observing the change of the creep rate
at a sudden temperature r ise the activation energy Uo

= 35.5 kcal/g-mole was determined; this value agrees
with the activation energy of self-diffusion in aluminum.
Uo was found to be independent of the s tress . Following
deformation under 8 g/mm2 at 647°C a Laue pattern ex-
hibited no asterism; thus the deformation produced no
structural changes that could be detected by x-ray
study. The oxidation of the surface prevented a micro-
scopic observation of slip traces. The observed creep
rate under low stresses (a < 10.4 g/mm 2) was com-
pared with the formula

(10)
3L3

based on Herring's model, where L is the grain size,
R is the gas constant, N is Avogadro's number, б3 is
the atomic volume, and D is the self-diffusion coeffi-
cient; the experimental creep rate was about three
times as large as the calculated value. It was con-
cluded therefrom that despite the agreement of low-
stress effects with what is expected for viscous flow,
the observed creep under low stresses at a high tem-
perature is not caused by viscous flow. This conclu-
sion was confirmed by control experiments on creep
in an aluminum single crystal at 647°C under 7.2
g/mm2, where deformational creep of the same mag-
nitude as in the polycrystal was observed. According
to Herring's theory C69^ (see below) diffusional creep
results from the existence of grain boundaries and
should not occur in a single crystal. These control
experiments also produced a disagreement with Herr-
ing's theory because of the fact that a polycrystalline
specimen will be lengthened uniformly (with no domi-
nant lengthening near grain boundaries). Finally, one
of the arguments against the viscous origin of high-
temperature creep is the existence of the aftereffect
(a deformation of opposite sign after unloading),
which was also observed.

The experimental data in E67J are of great interest,
but the given interpretation appears to be based on

several confusions. We first note those connected
with Herring's theory, according to which diffusional
creep in a polycrystal subjected to pure shear devel-
ops as the atomic chemical potential at grain bounda-
ries changes under an applied s tress . The magnitude
of this change is сг^б3, where б3 is the atomic volume
and <J± is the normal stress at the boundary. At
stressed boundaries the chemical potential is reduced,
while at compressed boundaries the potential is in-
creased; the former boundaries are sinks for atoms
while the latter are sources. The existence of sources
and sinks at grain boundaries produces gradients of
the chemical potential and diffusion currents of atoms
within grains from compressed to stretched bounda-
ries (Fig. 15). The grains will therefore be shortened
in the direction of compression, and will be lengthened
in the direction of stretching. New layers of atoms
diffusing from the compressed boundaries should grow
near stretched boundaries.

FIG. 15.

Herring's theory is not exhaustive and is incom-
plete in many respects. This theory neglects the inter-
phase surface energy at grain boundaries, which can
differ at the different boundaries, and fails to take into
account the possible increase of this energy as grain
shapes change. Other neglected effects are associated
with the nonuniform flow of atoms along boundary sur-
faces and with the gradual growth of new atomic layers
parallel to the boundaries.* It is not determined under
what conditions a boundary becomes a source or a sink;
the minimum angle of misfit between neighboring grains
must be known for this purpose. Also, the theory con-
siders only the growth of new atomic layers near
stretched grain boundaries and fails to consider the
possibility that new atomic planes can be built up be-
tween the original planes within the grains (far from
the boundaries). Equation (10), which relates the creep
rate to the stress cr, is correct to within a numerical
coefficient independently of the specific model of dif-
fusional creep. This equation does not differ essen-
tially from (9) and is obtained, as already indicated,
in a very general way from the equations of diffusion

"These effects cause the "aftereffect."
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and viscous flow. According to this formula the creep
rate in both single crystals and polycrystals in E67^
should be identical, since this rate is practically de-
termined by some minimum linear dimension of the
specimens. In ^67^ this dimension was the ribbon
thickness 2.55 mm, which in the polycrystalline spe-
cimens was smaller than the other linear grain dimen-
sions (~ 3.3 mm). We note that in Herring's theory
creep can be associated with exterior as well as with
interior grain boundaries, all of which can be sources
or sinks for atoms. Therefore the foregoing conclu-
sion does not at all conflict with Herring's theory.

Another source of misunderstanding in C67^ w a s

the neglect of nonequilibrium states remaining even
at near-melting temperatures in insufficiently well-
annealed specimens. In E67^ this is manifested by the
retention of a small region of nonsteady-state creep,
and also by the excess of the observed creep rate
above the calculated rate. (This difference is very
small in E673.) In other investigations, such as t 7 0 ! ,
the discrepancies were limited to only one order of
magnitude, which cannot be regarded as an essential
contradiction considering the qualitative character of
the theoretical values.* Another adverse feature in
'-67-' was the impossibility of investigating surfaces
microscopically because of oxidation. This made it
impossible to compare the surface state following de-
formation under low stress, corresponding to viscous
flow, with the state under high stresses, when the ob-
served dependence of V on a agrees with Weertman's
prediction in connection with the dislocation climb
mechanism.

In E71^ structural changes were investigated follow-
ing creep in copper single crystals at 1050°C, near
the melting point. It was found that these structural
changes differ considerably under low stresses
(< 30—50 g/mm2 in the given case) and high stresses .
With the latter, slip traces (Fig. 16) appear on tfce sur-
face and Laue patterns exhibit asterism. On the other
hand, following deformation of the same magnitude (up
to 10%) under low stresses slip traces are entirely
absent, while the spots in Laue patterns become
clearer and sharper instead of exhibiting asterism.
It should be noted that slip traces following deforma-
tion at such high temperatures can be observed only
from the " s t e p s " on an untreated surface. Slip traces
cannot be observed following polishing and etching, un-
like the case for low-temperature deformation. It is
seen that dislocations whose movements produce slip •
traces under high stresses are rapidly " resorbed" at
the high temperature. We also note that following creep
deformation at high temperatures and low stresses the
surface of a copper single crystal exhibits a peculiar
effect (Fig. 17)—grooves 15 ц deep at right angles to
the direction of elongation (independently of the crys-
tallographic orientation of the specimen). These

•Herring inM points out the approximate character of the
theoretical results.

FIG. 16. Slip traces following high-temperature creep in Cu
single crystals!7 1] at 1050°C. Юх. а) а•= 100 g/mm2, duration
of stretching в = 6 hrs, e = 20%; b) a = 200 g/mm2, в = 6 min,
e = 10%; с) о = 560 g/mm2, 0 = 1 min, e = 40%. In a), b), and c)
the direction of elongation was close to [100]. d) о = 200
g/mm2, в = 2 hrs, e = 10%, direction [110].

FIG. 17. Development of transverse grooves with high-tem-
perature (1050°C) creep in Cu single crystals.! 7 1] Юх. а) а
= 20 g/mm2, duration of stretching в = 45 hrs, e = 10%;
b) a = 25 g/mm2, в = 28 hrs, e = 7%; c) a = 30 g/mm2, a = 35
hrs, e = 10%; d) a = 15 g/mm2, в = 50 hrs, e = 3%.

g r o o v e s a p p e a r t o r e s u l t f r o m t h e n o n u n i f o r m m i g r a -

t i o n of s u r f a c e a t o m s t o t h e i n t e r i o r d u r i n g d i f f u s i o n a l

c r e e p . T h i s c a n b e e x p l a i n e d e a s i l y .

T h e t h e r m a l fluctuation r e q u i r e d t o r e m o v e a s u r -

f a c e a t o m a d j o i n i n g a v a c a n c y ( l e f t b y a p r e v i o u s l y

m i g r a t i n g a t o m ) i s s m a l l e r t h a n f o r a n a t o m a l l of

w h o s e n e i g h b o r s r e m a i n f ixed . O n c e a t o m i c m i g r a t i o n

f r o m a n y s u r f a c e r e g i o n h a s b e g u n , t h e p r o c e s s w i l l

c o n t i n u e t o d e v e l o p t h e r e i n p r e f e r e n c e t o o t h e r r e -

g i o n s . S o m e p a r t i n t h e f o r m a t i o n of g r o o v e s c a n a l s o

p o s s i b l y b e p l a y e d b y l o c a l i n h o m o g e n e i t i e s . In £71^

i t w a s d e s i r e d t o d e t e r m i n e w h e t h e r t h e a b s e n c e of

s l i p t r a c e s f o l l o w i n g l o w - s t r e s s d e f o r m a t i o n c a n b e

a t t r i b u t e d t o t h e d u r a t i o n of a h i g h t e m p e r a t u r e w h e n

a l a r g e d e f o r m a t i o n i s a c h i e v e d , w h i c h r e q u i r e s a c o r -

r e s p o n d i n g l y l o n g p e r i o d u n d e r a l o a d . F o r t h i s p u r -
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pose specimens exhibiting slip traces under high
stresses were annealed further (25—30 hrs) at the
same temperature (1050°C) at which they were de-
formed. This anneal produced no change in the pattern
of slip traces accompanying deformation. This con-
tradicts the hypothesis that deformation under small
loads also results from slip, but that the slip traces
are eliminated during a long period at high tempera-
tures. At small stresses and high temperatures de-
formation is evidently purely diffusional and corre-
sponds to viscous flow. The characteristics of defor-
mation are associated here with the successive build-
ing up of atomic layers and with the possible existence,
even at near-melting temperatures, of the residual ef-
fects of nonequilibrium states accelerating diffusion
processes.

Recent observations of diffusional creep in non-
metals deserve to be mentioned. An investigation of
very pure porefree aluminum oxide at 1400—1800°C
showed Е100-! an increase of the creep rate with dimin-
ishing grain size d. The investigation was quantitative
for grain sizes 6—36 ц, and qualitative for the range
60—125 fi because it was difficult to measure the slow
creep rate accurately. This result was opposite to
that expected in the case of dislocational creep. The
high purity of the specimens and the relatively small
decrease of their fracture strength at the given high
temperatures guaranteed that the effect did not result
from softening of amorphous layers at grain bounda-
ries, which often occurs in ordinary ceramic materials
of technical purity. The creep rate V was found to de-
pend linearly on the stress a and to be inversely pro-
portional to the square of grain diameter d:

V~^. (10a)

At the same time, single crystals of A12O3 (sap-
phire) at 1400—1500°C exhibited creep deformation
only at higher stresses, with V ~ crm, where m ~ 4.
Creep is here apparently of dislocational origin and
is possibly associated with dislocation climb.

Using (10a) and Herring's formula V ~ 10D63a/
(d/2)2kT (with б3 representing the volume of oxygen
atoms or ions in the A12O3 lattice) the author of Elo°3
determined the partial self-diffusion coefficient D(T)
of oxygen in A12O3 from the experimental creep rate.
The result agreed well with that obtained by calculat-
ing the kinetics of the intermediate and final sintering
stages. However, the result is several orders larger
than the directly measured oxygen diffusion coefficient
in A12O3 as given in the literature (the discrepancy is
about two orders of magnitude for polycrystals and
about four orders for single crystals). The lattice of
sintered A12O3 evidently still possesses excess defects.

The results in ^100^ show that in nonmetals, because
of the great difficulty of achieving crystallographic
slip, the effects of diffusional creep can appear at tem-
peratures considerably farther from the melting point
than in the case of metals.

Interesting observations of crack formation on grain
boundaries perpendicular to the tensile stress are also
reported in '-100-'. Pores and cracks appear not only at
the junctions of several grains, but also in the middle
of flat grain boundaries, whence they spread over en-
tire boundaries.

The foregoing discussion shows that certain pub-
lished doubts regarding the governing role of diffusion
in high-temperature creep (and sometimes a doubt r e -
garding the very existence of diffusional creep in crys-
tals ) are not justified, and that they result from an
oversimplified treatment neglecting complications
arising from the existence and preservation of non-
equilibrium crystal states up to near-melting temper-
atures. On the other hand, there can be no doubt that
insufficient experimental study has been made of pure
diffusional creep in single crystals having different
degrees of lattice perfection. A complete understand-
ing of diffusional creep in solids will require experi-
mental investigations of all aspects.

We now conclude our short review of the mechan-
ical properties of solids associated with diffusion
processes. This has not been an exhaustive account,
if only because it has been confined to one-phase and
one-component objects. Great practical importance
attaches to diffusion processes under applied stresses
and resulting from deformation in inhomogeneous bod-
ies, such as the decomposition of solid solutions, vari-
ous phase transitions, recrystallization etc. This is
too broad a subject and has not been well developed
quantitatively, although much practical information
has been accumulated and is used in technology for
different kinds of thermal and mechanical-thermal
treatments. In the case of one-component bodies no
questions connected with recrystallization during de-
formation, phase transitions etc. were treated. The
entire foregoing discussion shows the great influence
of diffusion processes on mechanical properties at
high and medium temperatures. A basis for under-
standing this influence has undoubtedly been provided
by Frenkel through his concepts of the diffusion mech-
anism by means of vacancy migration, and of vacancy
generation by the movement of atoms to interstices.
These concepts combined with the atomic models de-
veloped in dislocation theory form a basis for under-
standing and interpreting the variety of mechanical
properties of solids at medium and high temperatures.
Other contributions by Frenkel to the theory of me-
chanical properties include the development (in col-
laboration with T. A. Kontorova) of a statistical the-
ory of the brittle fracture of real crystals, ^72J the
theory of the stability of incipient cracks, ^73^ the the-
ory of the mechanical properties of glass,'-74-' the
aforementioned theory of "caterpi l lar" motion of dis-
locations , E25^ and others. ^"^ These achievements of
Frenkel have not been discussed here in detail since
they lie outside the scope of this review. With his ideas
regarding diffusion and his theory of viscous flow in
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solids, which have been discussed here, Frenkel made
a fundamental contribution to science that will long
continue to aid in accounting for the complex mechan-
ical properties of solids at medium and high tempera-
tures.
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