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Abstract. This paper reviews how polycrystalline and amor-
phous metals respond to the combined effect of a nonuniform
force field and a high-intensity hydrogen (deuterium) diffusion
flow. It is shown that deformation effects in such thermodyna-
mically open systems result from phase transitions occurring
due to changes in the hydrogen (deuterium) concentration. The
necessary and sufficient criteria for observing such synergy
effects are formulated. It is shown that the deformation re-
sponse in a nonuniform stress field is a very sensitive means
for indicating first and second-order structural phase transi-
tions in metal —hydrogen systems.

1. Introduction

Various aspects of hydrogen—metal interactions have been
an important topic of research by theorists and experimenters
over the last 150 years. The current interest in this subject is
evidenced by numerous international conferences and sym-
posia devoted to exploring the ‘hydrogen’ problem and by the
ever increasing number of research papers, reviews, and
monographs that appear in the literature in this country and
abroad [1-35]. These works treat such fundamental pro-
blems as the hydrogen state in metals and the nature of its
abnormally high mobility in iron, palladium, and other
metals, as well as the technologically inevitable and fre-
quently undesirable presence of hydrogen in construction
materials. To one extent or another, investigations into the
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reaction of metals to the introduction of hydrogen have
implications for the solution to a number of problems facing
the atomic power industry, nuclear engineering, and hydro-
gen energetics.

In the majority of cases, hydrogen is located at interstitial
matrix sites of metals and causes virtually no distortion of
their crystal lattice. Nevertheless, hydrogen is known to
induce stress fields in metals. The strength and the
symmetry of these fields depend on the crystal symmetry
and the local symmetry of the localization point of a
hydrogen atom. It is not a long-range interaction. The
deformation interaction energy of hydrogen in alloys is of
the order of 0.01 eV [14]. The number of hydrogen atoms is
typically smaller than the number of interstitial lattice sites,
which accounts for their chaotic distribution over the lattice
similar to that of lattice gas atoms. The long-range
deformation interaction between introduced atoms
increases as the temperature decreases and the hydrogen
concentration grows. It allows phase transformations in
certain metal—hydrogen (M —H) systems, leading to the
ordering of such atoms and disintegration of the alloy into
domains with significantly different hydrogen concentra-
tions. In the context of a lattice gas model, it is possible to
identify phase transitions accompanying the hydrogen
redistribution over the lattice of the metal with changes in
the aggregate state of the lattice element. From this
standpoint, the disintegration process may be interpreted as
the condensation of a lattice gas, and the ordering of
introduced atoms as crystallization of a lattice liquid. In
other words, variations in the temperature and concentra-
tion in the M—H system may induce gas < liquid < solid
phase transitions.

Both the diversity of phase transitions in M —H systems
and the high hydrogen mobility in certain transition metals
can be used to develop model systems for the study of various
phenomena in solids that occur both in a closed thermo-
dynamic system during phase transitions caused by tempera-
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ture variation and in an open thermodynamic system
exchanging mass and energy with the ambient medium. In
the latter case, phase transitions can be initiated only by
changes in the hydrogen concentration in the M—H system.
A distinct feature of these phase transitions is that they
develop only in the ‘hydrogen’ sublattice, whereas the
distribution of atoms in the metal sublattice remains
virtually unaltered. This may be partly accounted for by the
fact that hydrogen diffusion coefficients are many orders of
magnitude greater than self-diffusion coefficients of metal
atoms and components with which they form solid solutions.
Hence, there is a fundamental difference between the
behavior of other interstitial alloys (M—O, M—N, M—C,
etc.) and that of M —H alloys.

This field of knowledge was long dominated by applying
a stereotype approach to the study of M—H alloys, in which
processes of active metal saturation with hydrogen were
considered separately from its effect on the properties of
alloys, including mechanical properties. This means that the
consequences of introducing hydrogen into metals were
actually assessed in thermodynamic equilibrium. But it is
well known that the high diffusibility of hydrogen atoms in
certain transition metals creates conditions under which the
introduction of hydrogen originally induces a well-apparent
response of the metal; in many cases, a dramatic scenario of
the active phase of hydrogen-matrix interactions develops
directly in the course of hydrogen saturation of the metal
and sometimes continues long after hydrogenation is
terminated.

Accomplishment of the main task, i.e., in situ evaluation
of the response of metals and alloys to the introduction of
hydrogen, encountered experimental difficulties attributable
to the absence of instrumental methods for the study of M —H
interactions during hydrogen introduction directly into the
metal’s matrix from the gas phase or electrolyte. This
especially refers to structural studies. Naturally, emphasis
has been given to the consideration of matter characteristics
such as the internal friction, electric resistance, and mechan-
ical after-effect, which are most vulnerable to structural
changes. Surprisingly, the deformation response to hydrogen
introduction into metals proved to be especially easy to
record and measure with a high degree of accuracy and
reproducibility. Specifically, the available data indicate that
mechanical after-effects and their consequences may be of
special importance for the solution to many problems due to
the high informativity and susceptibility of these effects to
structural-phase changes.

We note that early studies of iron and iron-based alloy
responses to the introduction of hydrogen at the stage of
active plastic strain were driven by technological applications.
A group of researchers headed by Karpenko was the first to
address this issue [1]. Studies of this kind may be described as
the analysis of hydrogen action at different stages of plastic
flow in metals under ‘tough’ loading conditions (e.g., at a
stress o = f(¢, £), where ¢ and ¢ are the strain magnitude and
rate), also called ‘dynamic’ saturation of metals with hydro-
gen. Such loads are usually much greater than the macro-
scopic flow limit.

Important data on the dynamic hydrogen saturation (HS)
in pure and superpure iron (RRRy ~ 6000, where RRR is the
residual resistivity ratio) were obtained from 1970 to 1990 by
researchers at Tokyo University (S Asano, R Otsuka,
Y Kimura, H Matsui et al.), the Polish Academy of Sciences
(M Smialowski, J Flis, E Lunarska, et al.), and the University

of Illinois (H Birnbaum, T Tabata et al.) [36—50]. The very
first comprehensive analysis of these works can be found in
publications by E A Savchenkov, M M Shved, J Hirth, and
other authors [12, 17, 22, 26].

We emphasize that the first reports on the combined effect
of stress fields and HS on other metals (e.g., Va metals and
palladium, which interact with hydrogen as actively as iron
does) were published quite recently.

Because most construction materials are designed to be
used at roughly 300 K, hydrogen is introduced electrolitically,
using the sample being saturated with hydrogen as the
cathode, the platinum lattice as the anode, and aqueous
solutions of sulfuric acid or alkalies as electrolytes; organic
compounds are used when metals are hydrogenated at
negative temperatures. It is important that electrolytic
saturation permits reaching an atomic hydrogen pressure at
the metal surface equivalent to 1000 atm at the cathode
current density i = 1000 A m~2 (see Ref. [6]). The modified
Sieverts law, stating that the amount of hydrogen introduced
into a metal is proportional to i 2 (all other conditions being
equal), remains valid in a wide range of cathode current
values [51—53].

Analysis of published experimental data has revealed
marked discrepancies between results obtained by different
research groups even for iron samples of similar composition.
This makes the interpretation of the mechanical behavior of
metals difficult. The discrepancy is due to several causes. One
is the different compositions of electrolytes. Most authors
report neither the characteristics of the sample surface nor the
formation of oxide or other films that may substantially
restrict the inflow of hydrogen into the metal even under
constant conditions (temperature, electrolyte composition,
cathode current density, etc.). Other contributors to the
discrepancy are differences in the sample size and geometry,
strain rate, etc.

One more circumstance complicating the interpretation of
experimental results is the uncertainty arising from the fact
that a change in the metal structure during ‘dynamic’ HS due
to plastic strain is associated with a change of its state caused
by the introduction of hydrogen. Such a test scheme (the ‘stiff’
mechanical testing scheme) makes it difficult to detect those
structural changes that are specifically related to the action of
hydrogen.

Another version of the test, the so-called ‘mild’ loading
scheme of evaluating mechanical after-effects, appears to be
more advantageous. It treats strain as a response to the
applied stress, which is normally much weaker than the
macroscopic flow limit of a given material (quasielastic
loading).

However, only the measurement of internal friction is
currently used in the studies of M —H systems. Evidently, it
cannot be the sole source of information on the nature of
hydrogen interactions with metals in the presence of static (or
other) external and internal stress fields.

In the ideological context, narrowing the scope of research
to the joint action of stress fields and the hydrogen diffusion
flow on iron and iron-based alloys reduced the theory of this
deformation response to a rather trivial dislocation paradigm
(neither hydride phases nor the associated phase transforma-
tions of a different type have been found in iron under normal
conditions). Some researchers argue that the interaction of
hydrogen with dislocations restricts their motion and facil-
itates degradation of the plastic properties of metals; others
believe that such interactions contribute to the dislocation
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mobility and to a lower flow stress. Neither approach
differentiates between the behavior of M—H alloys having
the established composition (closed thermodynamic systems)
and in the course of active interaction of iron with hydrogen.

Clearly, further progress in understanding the behavior of
such thermodynamic systems is difficult, if not impossible,
without studying metals and alloys with the hydrogen
diffusion coefficient at 300 K close to that in iron and their
response to the direct introduction of hydrogen and subse-
quent relaxation processes.

In the 1980s, some authors reported a marked amplifica-
tion of strain and an increased rate of direct and reverse
mechanical after-effects as a result of the hydrogenation of
iron undergoing torsional strain [54 — 59]. These observations
became the starting point for a series of research on the
response (including the deformation response) of hydrogen-
saturated iron, palladium, Va metals, zirconium, TiNi
intermetalloids, and amorphous alloys based on iron, nickel,
cobalt, and other metals and alloys.

These studies laid the foundation of a new field of research
combining two interrelated aspects of hydrogen interaction
with crystalline and amorphous metals—the behavior of
metals and alloys in the course of saturation with hydrogen
(open thermodynamic M —H systems) and during the transi-
tion to a thermodynamically more stable state. The last aspect
implies follow-up investigations into the structure and
properties of metals and alloys long after their hydrogena-
tion and the behavior of such alloys during thermocycling and
after it.

The present retrospective review covers previous studies
on the synergistic behavior of metals during intense hydro-
genation and the concomitant action of stress fields. The term
‘synergistic’ is derived from the Greek word ‘synergy’ mean-
ing working together; it is used to describe a situation where
the final outcome of concerted action of individual factors is
much greater than the naive sum of its parts.

Indeed, loading metals below the elasticity limit results in
a weak deformation governed by the Hooke law. If a metal is
saturated with hydrogen in the absence of external or internal
stress fields, all deformation effects are reduced to volumetric
changes, relatively weak and undirected. If a load below the
elastic limit is applied to a preliminarily hydrogenated metal,
the strains are equally small and obey the Hooke law. Only
the combined action of a stress field and a hydrogen diffusion
flow causes deformations an order of magnitude stronger
than those developing under the effect of either factor.

Although the synergy effects of microplasticity in hydro-
gen—metal interactions were first observed in iron, it seems
appropriate to begin the discussion from the studies of metals
of the Va subgroup because they most clearly expose the main
properties inherent in all M—H systems. Consideration
usually involves a triad of mechanical after-effects: creep or
an direct after-effect characterized by a constant applied
stress; relaxation of stress causing a fixed macroscopic
strain; and the reverse mechanical after-effect, i.e., sponta-
neous deformation of metals after their plastic strain and
unloading.

2. Transformation plasticity effects
in the hydrogen saturation
of the subgroup of Va metals and zirconium

In terms of the interaction with hydrogen, metals comprising
the Va subgroup (vanadium, niobium, and tantalum) have in
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Figure 1. The effect of the duration of vanadium saturation with
hydrogen on the creep strain y (/), variation in the electric resistance R
(2), and the shear modulus G (3) (ic = 250 A m~2, T = 25 MPa, time ¢ in
seconds).

common rather high (of the order of 10710710 m? s71)
hydrogen diffusion coefficients at 300 K [13, 15], a single type
of crystal lattice (BBC lattice), the formation of the
hydride B-phase by hydrogen atom ordering in the matrix
crystal lattice, the diffusion-cooperative shearing character of
hydride crystal nucleation, and growth at the stage of the two-
phase (o + B) state.

When a torque is applied to a sample of Va metals to
create tangential stress in the surface level t < 75, where 7 is
the flow limit, it is impossible to measure creep with an
accuracy of 1077. At the same time, hydrogenation of
recrystallized (i.e., lacking internal stresses) samples in the
absence of an external stress field does not lead to apparent
deformation either. But the combined action of a stress field
and a hydrogen diffusion flow produces a manifold increase
in the creep rate and magnitude. This is called the synergistic
effect of the deformation response during hydrogen satura-
tion of metals.

A similar situation occurs in hydrogen-induced stress
relaxation and reverse mechanical after-effects [26, 60— 75].

Characteristic dependences of the creep strain activated
by a hydrogen diffusion flow and of reverse mechanical after-
effects are shown in Figs 1 -3 for vanadium, the most typical
metal with the set of properties listed above.

The creep strain at loading below the flow limit and HS
may be as strong as 1073, i.e., may have a macroscopic value
(see Fig. 1).

Creep initiated by hydrogenation (hydrogen-initiated
direct mechanical after-effect, HDMA) has the following
kinematic characteristics. First, there is a certain period (¢*)
of hydrogen saturation during which the strain is relatively
weak (inertness period), in fact practically arrested when the
saturation is discontinued. Also, an increase in the cathode
current density i, or magnitude of the applied stress t
inevitably reduces the time ¢* after which such a deformation
is activated.

It was shown (see Fig. 1) that HDMA becomes apparent
as soon as the maximum electric resistance of the metal is
reached, i.e., from the onset of precipitation of the second,
B-hydride phase, from the a-solid solution of hydrogen, as
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Figure 2. The effect of duration of vanadium saturation with hydrogen on
stress relaxation: /-3, different levels of initial stresses 1.
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Figure 3. The effect of the duration of vanadium saturation with hydrogen
on RMA (1), variation of the electric resistance (2), and the shear modulus
(3). (ic =250 Am~2, 9, = 0.4.)

confirmed by X-ray structure analysis (RSA) and changes in
the shear modulus (see also Refs [64, 74]).

In such experiments, the strain rate gradually increases
parallel to the increasing duration of hydrogenation. Defor-
mation continues until the metal disintegrates. As the applied
load 7 (7 < 15) increases, the creep magnitude and rate also
increase. The time necessary for the degradation decreases
almost linearly with increasing t and i 1t is noteworthy
that the peaking of the electric resistance curve AR/ R(1), i.e.,
the time during which the limit concentration of hydrogen in
the a-phase is reached, also decreases in proportion to icl/ 2

It is maintained in Refs [51—-53] that the amount of
hydrogen electrolytically introduced into a metal is propor-
tional to i.’>. This means that the creep strain activation
during hydrogen saturation of Va metals starts only after the
hydrogen concentration increases to a certain level above
which hydride phases begin to precipitate from the a-phase,
i.e., after the onset of the phase transition. The time necessary
to reach such a concentration depends on the saturation
intensity. In other words, the deformation accompanying
hydrogenation of metals, e.g., vanadium, in an external
stress field is nothing but a specific manifestation of the
transformation plasticity effect (TPE).
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Figure 4. The effect of the duration of vanadium saturation with hydrogen
under load (/) or without it (2) and of subsequent thermocycling
(3, heating; 4, cooling) on metal deformation (i =250 A m~2, 1=
50 MPa). | denotes unloading of the sample (2).

Eliminating the stress field and heating the sample after
the hydrogenation give rise to a strain whose the direction is
opposite to that of the strain in an alloy hydrogenated in an
external stress field. In vanadium, the strain recoverable upon
heating is practically identical with the strain accumulated in
the active phase of saturation in the creep regime. In niobium,
the strain recoverable upon heating is smaller than that
accumulated in the HDMA regime. Tantalum is intermedi-
ate in this respect. The greater 7, i, and the duration of
saturation, the stronger such deformation. It is essential that
heating arrests the strain evolution at the temperature
necessary for complete dissolution of hydride phases and the
formation of a homogeneous a-phase as shown by direct and
indirect analysis of the alloy structure. Thus, in the given
loading diagram, the primary mechanism of hydrogen-
induced creep is the oriented growth of hydride species
coordinated with the loading path.

Weighty evidence of TPE due to the oriented growth of
new phase precipitates was given by the observation of
oriented transformation strain (OTS). OTS in classical
shape-memory alloys (SMAs) is described as follows [76—
79]: if a sample is unloaded at a certain cooling stage in a
temperature range suitable for the thermoelastic martensitic
transformation, its deformation continues in the same
direction upon further cooling or isothermal holding. Under
usual conditions, OTS occurs due to the directed growth of
thermoelastic martensite crystals whose orientation is set at
the previous cooling stage by stress fields acting on the
sample. Among a large number of alloys likely to display the
shape memory (SM) effect, only Cu and Fe-doped TiNi
intermetallide, CuMn alloys [76—79], and a few other
systems have been shown to undergo OTS.

Precipitation and growth of vanadium hydrides is a
crystallographically ordered process [13, 14, 80—85]. The
presence of OTS in V—H alloys could be expected, bearing
in mind peculiarities of the crystallographic phase relation
and the small bulk effect of hydride transformation. The
results of numerous experiments have confirmed this con-
jecture (Fig. 4). Hydrogenation of a vanadium sample after
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unloading is conducive to the continuation of active deforma-
tion even though its rate naturally becomes somewhat lower
than under loading because the orienting external stress field
is absent. Continuation of the deformation is most likely due
to the growth of properly oriented hydride phase crystals
formed at the preceding stage and to the nucleation and
growth of new precipitates. Their orientation is governed by
the internal stress field arising from a spatial distribution of
the previously formed hydride precipitates. Taken together, a
large number of such shifts cause macroscopic strain. We note
that in this experimental design, subsequent heating also
almost totally recovers the strain (curve 3 in Fig. 4) accumu-
lated during hydrogen saturation under load and without it.

The results of these experiments are regarded as strong
evidence of coordination between the growth direction of
hydride crystals and the loading path during hydrogenation
of Va metals.

We emphasize that OTS in the hydrogen saturation of
metals is essentially different from OTS observed in [76 —79].
In Refs [76—79], OTS occurred in the situation of coherent
growth of new-phase crystals crystallographically ordered
with respect to the matrix when all diffusion processes were
forbidden. In the present case, active hydrogen diffusion was
a necessary condition for the observation of OTS. In the
former situation, OTS occurred upon varying the tempera-
ture of alloys having an established composition; in the latter
case, OTS developed as the alloy composition changed at a
constant temperature, i.e., when the OTS concentration effect
was apparent.

As shown in the papers cited above, the onset of
deformation in the HDMA regime is associated with the
emergence of new phases. This gives a reason to expect a
significant increase in the time ¢* for those Va metals that
have a wider range of existence of homogeneous solid
a-solutions, e.g., for a Ta—H system [14, 81—85]. Such an
increase has been observed in experiments.

Evidently, the absence of well-apparent OTS in Nb—H
alloys may be due to the relatively small B-phase tetragonality
(0.001) despite the well-defined crystallographic relations
between B-phase crystals and the matrix phase and the
formation of the B-phase by the martensitic mechanism. On
the other hand, the disorienting influence of the strong bulk
effect of hydride (B) transformation in this system cannot be
disregarded.

Traditionally, only one loading path is considered in TPE
studies (the behavior of a material under constant external
loading), although TPE also occurs at other loading regimes,
e.g., in stress relaxation or a reverse mechanical after-effect
(in other words, when a phase transition occurs in a stress
field, either internal or external).

Stress relaxation (SR) is understood [86] as a spontaneous
time-dependent decrease in stress needed to maintain the
permanent macroscopic strain. Typically, stress relaxation
in metals is due to the transition from elastic strain to plastic
strain [86].

When a torque creating a surface stress 79 < 7 is applied
to vanadium, tantalum, or niobium samples, stress relaxation
is negligibly small and is completed very quickly (usually
within a few minutes or sooner at 300 K), considering a ‘mild’
loading diagram is used.

Saturation of a metal with hydrogen under SR conditions
substantially accelerates this process (see Fig. 2). In such
experiments, SR has one important feature: the applied
stresses abate with time not spontaneously but in the course

of hydrogen penetration into the metal. In fact, this process
should be described as quasirelaxation. In what follows, by
SR in a sample undergoing hydrogenation, we mean
‘hydrogen-initiated stress relaxation (HSR).

As in the case of HDMA, HSR in Va metals begins to
develop after a lag-time (¢*) that is the smaller, the bigger is
the starting load 7 (see Fig. 2) and the higher is the cathode
current density i.. All other conditions being equal, the length
of such an inertness period depends on the chemical nature of
the metal undergoing saturation, the hydrogen diffusion
coefficient in this metal, and the concentration field of the
homogeneous solid solution. It was shown in structural and
other studies that in this case too, relaxation processes are
activated after a certain amount of the hydride phase forms in
near-surface volumes of the sample. Thus, transition from an
elastic strain to a plastic one (responsible for a reduced 7)
occurs in the process of hydride transformation during
saturation of a given metal with hydrogen, i.e., first and
foremost due to TPE.

In most cases, a straightforward approximation permits
describing the behavior of these metals under different
saturation conditions by an equation of the type

At(t)=a*In(At+1) (1)
with

. kT

o 7

where At = 79 — 1, V* is the apparent activation volume, k is
the Boltzmann constant, and /4 is a constant. Formula (1) was
used to estimate some activation parameters of the process.

It was found that 7 tends to decrease with increasing V'*.
Calculations showed that for 7y < 75, the apparent activation
volume is V* = (60—250) x 107>* cm?® for vanadium,
V* = (50—340) x 107* cm?® for tantalum, and V* =
(70—230) x 1072* cm? for niobium. These values are much
smaller than V'* characteristic of dislocation SR mechanisms
proper (see Refs [87-91]) (V* ~ 1078 —10"%" cm?®) but
become greater than or (as t increases) closer to the local
volume V* in which an elementary act of hydrogen diffusion
occurs [Vo ~ (30—40) x 1072* cm’]. As 19 — 15, V* — V).
Thus, the HSR rate and magnitude are determined by the
initial value of 7y, the metal structure, the type and crystal-
lographic characteristics of hydride precipitates, the hydro-
gen saturation conditions, and the diffusion characteristics.

The functional relation between the duration of the
incubation period, the cathode current density, and the
applied stress can be represented as

Int* = const(ic*)fl/zro’l< liif 1) , (2)
C

where i is another constant, whose physical meaning is that
of the cathode current density at which HSR begins
practically immediately after the onset of saturation.

The dependence t*(i.) suggests an important role of
power-diffusion processes in HSR. We suppose that i, =0
(no hydrogen is introduced into a metal). For 7y < 73 and
79 = const, t* — oo, HSR is then absent. If i — i}, then
t* — 0; in other words, the incubation period is very short
when the current density equals i. If i = const, 79 = 0, then
t* — oo.
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Thus, it follows from (2) that HSR can be observed if both
an intensive hydrogen flow through the metal crystal lattice
(i > 0) and a stress field (z > 0) are present. Fulfillment of
these two conditions leads to the synergistic effect. This
explains why HSR is observed only in metals with large
enough hydrogen diffusion coefficients at 300 K.

Heating of the sample after HSR produces a well-
apparent (of the order 1073) strain directed opposite to the
strain during HSR. The bigger 7y and i, and the longer the
duration of hydrogen saturation, the greater such strain is. It
is essential that the strain discontinues after the complete
dissolution of hydride phases and the formation of a
homogeneous a-phase. These findings agree with the results
of HDMA studies and indicate that in the present loading
scheme, the oriented growth of hydride species coordinated
with the loading is also the principal mechanism of hydrogen-
induced HSR.

By the reverse mechanical after-effect (RMA), we mean
spontaneous strain in a plastically deformed metal following
the withdrawal of the deforming force. In the general case, the
driving force of this process is the relaxation of internal
stresses induced by plastic strain. Normally, the maximum
value of this strain in the metals being considered does not
exceed 1073,

However, the saturation of vanadium, tantalum, and
niobium with hydrogen may activate the strain y to
1073—1072. The typical time dependence of hydrogen-
induced RMA, y(¢), is presented in Fig. 3. A characteristic
feature of the Va metal behavior under these loading
conditions is the incubation period of the length 7*. This
period shortens as the degree of preliminary torsional strain y,
and i, increases and, for constant y, values, is roughly
proportional to i{l/ ’.RMA stops when polarization current
is switched off (i.e., when hydrogen saturation terminates).

As in HDMA and HSR, the onset of active RMA and its
further development roughly coincide with the nucleation
and growth of hydride species. X-ray diffraction studies
indicate that inflections of the y(z) curves are due to the
emergence of new hydride phases in the solid solution
characterized by specific crystallogeometry, the bulk trans-
formation effect, and other properties. Most probably, the
transformation of the alloy structure during saturation with
hydrogen proceeds as

a—oat+a —woat+a +B—a+p,

where o’ is a hydrogen-enriched domain of the solid solution
that arose from its layering into hydrogen-depleted and
hydrogen-rich microvolumes (spinodal decomposition). In
the bulk, this phase transition chain is observed only in the
hydrogenation of niobium and, to a lesser degree, in
vanadium. Tantalum is intermediate in this respect.

To summarize, hydrogenation in this stress state scheme
activates RMA only when the hydrogen concentration in
near-surface volumes is close to the value at which the a-phase
can exist.

In all cases without exception, heating of hydrogenated
SMA in the RMA regime causes strain with the sign opposite
to that of the strain that develops in a metal undergoing
saturation with hydrogen in a stress field. All other conditions
being equal, the greater the degree of hydride phase tetra-
gonality and the smaller the bulk effect of hydride transfor-
mation, the more apparent is the strain return during heating
of Va metals hydrogen-saturated in an internal stress field.

Temperature
=

Concentration

Figure 5. Different modes of realization of the transformation plasticity
effect and the shape memory effect in an alloy with the established
composition at varying temperatures, and hydrogen concentrations, and
at a constant temperature (diagram).

Thus, strains produced by the joint action of an external
(or internal) stress field and a diffuse hydrogen flow in metals
of the Va subgroup (vanadium, niobium, and tantalum) are
associated with hydride phase transformation of the diffu-
sion-cooperative type proceeding under strongly nonequili-
brium hydrogenation conditions.

In this situation, unlike in traditional TPE experiments
where transition from one phase state to another in an alloy of
constant composition is due to a change in the temperature,
the unusually high diffusibility of hydrogen at 300 K allows
observing TPE in isothermal conditions. Phase transitions are
activated (see Fig. 5) by an increase in the hydrogen
concentration in a metal and result from the nucleation and
growth of hydride species. Conditions necessary and suffi-
cient for observation of TPE during hydrogenation are the
existence of a nonuniform stress field, a high diffusion
mobility of hydrogen atoms (the diffusion coefficient at
300 K at least 107" m?s~!), and the presence of hydride
phases on the M —H state diagram that arise through the
mechanism of hydrogen atom ordering in the matrix crystal
lattice with the formation of the hydrogen’s own sublattice.

Elucidation of conditions necessary and sufficient for the
observation of synergistic effects of microplasticity in
Va metal —hydrogen systems provided a basis for the search
for other systems where similar effects can be expected. In this
context, the behavior of zirconium appeared enigmatic. On
the one hand, it was shown in [92] that heating Zr—H alloys
containing hydride compounds (ZroH and possibly ZrH)
after plastic strain or holding them at a high temperature in
the presence of a stress field leads to the hydride crystal
reorientation in conformity with the stress-state pattern. Such
behavior somewhat resembles that of Va metals. On the other
hand, the hydrogen diffusion coefficient in zirconium at 300 K
is negligibly small [93]; this violates one of the conditions for
the manifestation of synergistic effects of microplasticity
under the joint action of a hydrogen diffusion flow and a
stress field formulated based on the results of vanadium,
tantalum, and niobium experiments

As shown experimentally in [94, 95], loading zirconium
samples below the macroscopic flow limit (r = 0.8t or
290 MPa) and their subsequent hydrogenation result in a
strong nonmonotonically developing strain (Fig. 6). The
onset of activation of the deformation process coincides
with the precipitation of the hydride phase from the a-solid
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Figure 6. The effect of the duration of zirconium saturation with hydrogen
on the creep strain at t = 290 MPa (/), change in the electric resistance (2)
(. = 350 Am~2).

solution of hydrogen in zirconium, as evidenced by the slow
incremental increase in the electric resistance and the
alternating sign of dR/d¢ and dG/d¢ derivatives on the R(r)
and G(¢) curves.

It is noteworthy that zirconium behavior in the creep
regime during hydrogenation fairly well correlates with the
behavior of niobium observed in earlier studies [63]. Treat-
ment of zirconium with hydrogen in a stress field causes
substantial (in terms of rate and magnitude) HDMA only
close to the biphasicity limit and when the hydride transfor-
mation (i.e., the hydride phase transition) develops. This
finding suggests that the observed strain acceleration is a
manifestation of the concentration-dependent transforma-
tion plasticity effect arising exclusively from isothermal
variation of the hydrogen concentration [26, 68]. The
resulting strain can be regarded as a sum of microscopic
shifts (distortions) that develop when hydride crystals grow in
a stress field via the bainitic mechanism [68, 89].

Similarly to Va metals, the heating of hydrogen-saturated
zirconium induces strain with the opposite sign. In this case, a
peculiar manifestation of the SM effect is observed (see
Refs [26, 62, 68]). Cooling naturally causes a much weaker
strain, although greater than the resolving power of the
method. The presence of a small cooling-induced strain
suggests precipitation of part of the hydride phase at sites
where it was initially present; these hydride species retain the
orientation they had after hydrogenation (prior to heating).

In full conformity with V, Nb, and Ta experiments, the
introduction of hydrogen into plastically strained zirconium
(RMA regime) accelerated RMA and induced a multiply
reversible SM effect. This means that hydrogenation of both
Va metals and zirconium in an external or internal stress field
triggered deformation processes that did not develop under
loading without hydrogenation or under loading of pre-
viously saturated samples.

A strong bulk effect of hydride transformation in a Zr—H
system estimated at ~ 14% [85] accounts for the appearance
of epitaxial dislocations during the growth of hydride B-phase
crystals in the case of disturbed coherence of the matrix
coupling. The concentration of dislocations at sites occupied
by hydride particles after their dissolution upon heating
facilitates the effect of subsequent cooling (a-phase dissocia-
tion) on the precipitation of hydride species of the same size
and orientation that they had in these local regions of the
matrix before heating. Additional factors contributing to

‘freezing’ the original orientational states in plastically
strained samples are the internal stress fields remaining after
heating zirconium below the polygonization and recrystalli-
zation temperatures, as is the case with classical SMA, e.g.,
nitinols [77, 78].

A study of the deformation response in zirconium
demonstrated that the extrapolation of the results of high-
temperature measurements of the hydrogen diffusion coeffi-
cient is invalid in a lower-temperature region. One explana-
tion is the altered mechanism of hydrogen diffusion in the
crystal lattice of zirconium, that is, transition of the
suprabarrier mechanism operating at high temperatures to
thermally activated tunneling [25] at lower temperatures. This
is one more example illustrating the high sensitivity of the
deformation response to structural-phase transformations in
M —H systems.

The high susceptibility of mechanical after-effects to
phase, primarily hydride, transformations was previously
noted in Ref. [96].

Analysis of experimental data on TPE in Va metals and
zirconium shows that deformation typically starts to develop
shortly before the a-phase concentration limit is reached.
Results of X-ray studies and especially shear modulus
measurements suggest the existence of a certain subtransient
state preceding the precipitation of an M,H-like stable
hydride phase. Regardless of the shape of the stable M—H
state diagram, this subtransient state is identified with the
emergence of hydrogen-poor (o) and hydrogen-rich (a')
phases as a result of stratification of the homogeneous
a-solid solution, i.e., with the transition o — o + o’ (spinodal
decomposition).

In principle, all stable M—H diagrams (V, Na, Nb, Zr)
contain regions of such transformations in some temperature
and concentration range [14]. For electrolytic hydrogen
saturation, their probability is always high, at 300 K, in
particular. Thereafter, the hydride B-phase is precipitated at
the o’-phase as a substrate [13, 14].

As the spinodal decomposition interval (o0 — o + o”) was
passed under load in [26], strains were apparent not only after
cooling below the critical point; reverse heating (even under
loading) also recovered strains accumulated after cooling in
the (o + o’)-region. The theory of spinodal decomposition
implies generation of concentration waves as regions with
high and relatively low concentrations of one of the
components (e.g., hydrogen) alternating within a single
structural state. Singularity of these effects and the lack of
references to them in the literature on spinodal decay in alloys
necessitated a thorough analysis of this phenomenon, most of
all the evaluation of the possibility of observing such strains in
principle [97]. In the model under consideration, the hydro-
gen-rich region (an asymmetric hydrogen cluster) is regarded
as the elementary structural unit oriented in the stress field
created by torsional strain, which accounts for the biaxiality
of the medium. A few assumptions simplify the expression for
the strain tensor Uy to the final form

1
Ui ==

o Gk + nyny. (3)

where o is the torsional stress tensor, p is the shear modulus,
n is the number of clusters per unit volume, #;, is the biaxial
strain tensor, and y is the parameter characterizing the
response of the cluster system to the applied field (a
phenomenological parameter derived from the experimental
one). The results of numerical calculations indicate that
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application of a certain dimensionless torsional stress to a
system passing the critical temperature induces a deformation
response reversible upon heating. The response is absent if the
temperature is higher than the spinodal decay temperature.

3. Transformation plasticity effects
in the hydrogen saturation of palladium

The conclusions drawn in the preceding section cannot be
regarded as objective without a similar analysis of Pd—H
systems, which in many respects satisfy conditions necessary
for observing synergic effects. Suffice it to say that hydrogen
in palladium has a rather high diffusion coefficient at 300 K,
the hydride phase arises from the ordering of hydrogen atoms
in the matrix crystal lattice, and the hydride phase is produced
by the spinal mechanism (as in niobium) with the formation
of hydrogen-poor and hydrogen-rich regions in the matrix.
But the crystallographically ordered character of hydride-
phase precipitates in palladium is not as well apparent as in
Va metals and zirconium, even though the results of some
recent experiments [98] appear to confirm it (see also
Ref. [29)).

The creep strain of palladium in the absence of hydrogen
(T =300 K, 7 < 15) does not exceed 2 x 1076 for ~ 60 min
(period of observation). The introduction of hydrogen [26,
99-101] markedly accelerates the creep, and HDMA
amounts to 2 x 1073 during the same time (Fig. 7). This
phenomenon is essentially different from the so-called
hydrogen elasticity [102—105].

In the absence of hydrogen, SR in palladium is negligibly
small and practically completed within a few minutes of
isothermal holding, the degree of SR, t*/1¢, being 0.98 (z¢
and t* are the initial and final stresses, respectively). The
situation changes dramatically if an elastically strained
palladium sample is treated with hydrogen. As shown in
Fig. 7, the rate of HSR increases by several orders of
magnitude and a practically complete SR is achieved within
60—70 min of saturation (i; = 500 A m~2). The maximum
rate of the process is reached, as in Va metals, only some time
after the onset of hydrogenation.
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Figure 7. Creep strain at 7=39 MPa (/) and stress relaxation,
19 =72 MPa, (2) in the hydrogen saturation of palladium (i, =
500 A m’z). 3, stress relaxation in the absence of saturation.

Itis shown that i has a weak effect on the degree of SR but
determines the time of its completion tcomp12)~ For i, below
500-700 A m=2, the relation feompi ~ i/~ is fairly well
fulfilled, which implies that HSR kinetics in palladium are
governed by the hydrogen delivery rate. The HSR rate at
i. > 1000 A m~2 is virtually independent of i.. Relation (1) is
equally well satisfied for the bulk of experimental data; for
HSR, it is calculated that V'* = (80—400) x 10~2* cm?.

It is worth noting when analyzing these results that the
small value of 77* is in many cases much lower than V* typical
of SR processes driven by dislocation displacement [56—61].
For hydrogen-saturated samples at 79 — 15, V'* tends toward
the elementary volume V) (of roughly the same order of
magnitude) corresponding to the hopping of a hydrogen atom
as it diffuses into a crystal lattice. This fact is also regarded as
indirect evidence that HSR kinetics are governed by the
intensity of the hydrogen diffusion flow in the palladium
crystal lattice. As a result, this process also determines the
duration of the accumulation of hydrogen in the metal local
microvolumes in concentrations sufficient for the formation
of the B-phase.

X-ray studies showed that the onset of active microdefor-
mation upon hydrogenation of palladium in the HDMA,
HSR, and RMA regimes also coincides with the appearance
of the first B-phase species in the near-surface layer. This
circumstance relates large deformations of palladium under-
going hydrogen saturation to hydride formation (TPE) and
the concomitant phenomena.

While heating Va metals and zirconium does not lead to
the evacuation of hydrogen, it escapes palladium heated to a
temperature much lower than the recrystallization tempera-
ture.

The full ‘hydrogen saturation—heating’ cycle in palla-
dium after RMA is represented in Fig. 8. The high-rate
deformation of a sample begins in the temperature range
150—-250°C (i.e., much lower than the recrystallization
temperature Tr ~ 350°C) in the direction opposite to its
deformation during hydrogenation. The strain rate 7§
decreases significantly above 250 °C.
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Figure 8. The effect of the duration of palladium saturation with hydrogen
(1) at 300 K (i; = 1000 A m~2; y, = 1.2) and of subsequent heating (2) on
the metal deformation and the variation of its electric resistance (3).
4, palladium deformation upon cooling.
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Figure 9. The effect of heating on the shear modulus (/) and electric
resistance (2) of palladium preliminarily saturated with hydrogen
(e =750 Am~2,t=72x10%s). 0 L L L L

Such deformations associated with heating hydrogen-
saturated palladium are an order of magnitude (or more)
greater than strains normally developing in this temperature
range when heating affects an unsaturated plastically strained
metal. Calculations indicate that the deformations are
unrelated to dilatation effects inherent in hydrogen extrac-
tion from palladium.

One such self-evident mechanism of activation of the
deformation response is the TPE strain [74, 78] in both
forward (o — B) and backward ( — o) phase transforma-
tions. Repeated thermocycling in the temperature range of
interest causes no additional deformation of palladium.

The dependence AR/R(T) shown in Fig. 8 (curve 3)
suggests a decrease in the electric resistance over the entire
temperature range being considered. Two temperature ranges
are distinguished on the AR/R(T) curve (25-150°C and
200—-250°C) in which electric resistance changes at signifi-
cantly different rates. A rapid decrease is observed in the same
range where the most intense change of microdeformation
occurs upon sample heating after RMA. It was shown that
heating hydrogen-saturated palladium to 130—160°C leads
to a decrease in the hydride-phase lattice parameter
(ap = 0.4039 and 0.4026 nm before and after heating,
respectively). Such a change in the lattice parameter is due
to the partial escape of hydrogen from the metal. Heating to
200—-250°C results in the disappearance of any sign of the
hydride phase on X-ray images and the recovery of the unit
cell parameter characteristic of initial, hydrogen-unsaturated,
palladium: a, = 0.389 nm.

Because the escape of hydrogen from palladium (under
given experimental conditions) is an irreversible process, it is
easy to understand why repeated thermocycling does not lead
to a marked change in the electric resistance or a new
manifestation of the after-effect.

Changes in the electric resistance and shear modulus in
hydrogenated palladium samples at 120—200°C, shown in
Fig. 9, indicate that the plateau on the respective dependences
corresponds to the condition of completion of the f — a
transition. Hydrogen begins to be actively released from the
metal crystal lattice only at higher temperatures, when only
the a-phase is present in the metal structure. This fact was not
given proper attention by earlier authors.

10 30 50 70 1,107 s

Figure 10. The concentration effects of the transformation plasticity and
shape memory in hydrogen saturation (1) and extraction (|) in palladium.
|} indicates sample unloading (i, = i, = 500 Am~2, t = 12 MPa).

The specific electrochemical properties of palladium (it
does not dissolve in a sulfuric acid-based electrolyte in the
anodic regime) were used to design unique experiments
(Fig. 10) on hydrogen extraction from a Pd—H alloy in the
anodic regime (with the sample as the anode).

The application of a positive potential to a loaded (t < 15)
sample results in no additional deformation (see Fig. 10).
Changing the polarity (the sample as the cathode, hydrogen
saturation regime) activates HDMA. If the sample unloaded
at a certain saturation stage is again used as the anode
(degasation), the deformation acquires the sign opposite to
the one it had during saturation. The contribution of
dilatation effects being small, the deformation at the degasa-
tion stage should be regarded as the concentrated SM strain.
Indeed, extraction of hydrogen from the alloy leads to a
decrease in the B-phase volume fraction and causes a well-
apparent deformation. This process has all the external
characteristics of the SM strain that develops in the active
phase due to the realization of the concentration TPE. During
the reverse phase transition induced by a decrease in the
hydrogen concentration in the alloy, the strain accumulated
at the preceding stage recovers. The recovery may be indirect
evidence of the oriented character of B-phase precipitation
during palladium hydrogenation in a stress field. The
concentration effect of OTS is unobservable in this alloy.

The behavior of palladium during HS in the RMA regime
is not only influenced by the preliminary annealing tempera-
ture but also depends on the magnitude of the preliminary
torsional strain y, and alloying [26]. Alloying decreases RMA,
although the hydrogen diffusion coefficient in Pd—Cu alloys
exceeds that in pure palladium [106]. We note that RMA is
fairly well apparent in palladium and iron but much less
expressed in a Pd—Fe alloy [107, 108] than in either of its
constituent metals. This difference is attributable to the
influence of doping components contained in palladium on
the characteristics of hydride incremental growth.
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4. The isotopic effect

in the deformation response

of vanadium and palladium to saturation
with hydrogen and deuterium

The isotopic effect of hydrogen in metals manifests itself in
the structure of hydride and deuteride compounds, the
general character and peculiarities of M —H state diagrams,
diffusion coefficients and their temperature dependence,
solubility, superconductivity, electric and thermal transfer,
electronic structure, etc. [13, 14, 109]. However, no research
data on isotopic effects in the deformation response of metals
and alloys have been available to date. This observation
equally refers to the synergistic effects of accelerated micro-
plastic deformation produced by the cooperative action of
stress fields and high-intensity hydrogen or deuterium flows.

In vanadium, isotopic effects are clearly manifest in the
values of the diffusion coefficient, characteristics of solubility
and state diagrams. In palladium, isotopic effects in the
diffusibility of hydrogen and deuterium atoms are less
apparent. The solubility of deuterium and hydrogen in
palladium is virtually identical; their state diagrams are also
very similar [13, 14].

Figures 11 and 12 (see Refs [72, 110]) illustrate the
isotopic effect in the deformation response of vanadium
undergoing saturation with deuterium. The time before
deformation, ¢*, increases and its rate decreases compared
with hydrogenation at the same cathode current density. As
ic increases, the values of #; and #;; become closer to each
other due to a superequilibrium concentrations of hydrogen
(deuterium) in near-surface layers of the samples at large i..
The hydrogen and deuterium diffusion coefficients in
vanadium calculated for 300 K are Dy = 5.21 x 1072 m? s~!
and Dp = 2.1 x 1072 m? s~!. These values reflect an explicit
isotopic effect, although the relation Dy/Dp = (mH/mD)l/z,
where my and mp are the respective isotope masses, is not
usually fulfilled for metals with a BBC crystal lattice.

If the different deformation behaviors of vanadium
during saturation with hydrogen and deuterium were due to
the difference in the diffusion coefficients Dy and Dp alone,
the relation (Dy/Dp)"? ~ (15;/t;,) "% (where #; and 1}, are
the times of the onset of active deformation under the effect of
hydrogen and deuterium) would be satisfied. For 300 K,
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Figure 11. The effects of hydrogenation (/) and deuteration (2) on creep
strain in vanadium (ic = 250 A m~2, t = 98.4 MPa).
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Figure 12. The effect of the cathode current density i, on the time 7* of
strain onset (/, 2) and the strain rate (3, 4) in hydrogenation (/, 3) and
deuteration (2, 4) of vanadium.

(Du/Dp)"? =1.57. The ratio (13/t5)"* is 1.43 for
i. =250 A m~2, 1.38 for i; =500 A m2, and 1.26 for
i. = 1000 A m~2. Deviations for the calculated value are 10,
13, and 24%, respectively. In other words, differences
between #}; and ¢} tend to decrease with increasing i.. This
suggests an increase in the deviation from the quasiequili-
brium conditions of hydrogenation and deuteration with the
enhanced delivery rate of hydrogen isotopes into the metal.

Hydrogen solubility in metals is proportional to il 2 [51-
53, 110]. Therefore, an increase in i, accelerates the achieve-
ment of the hydrogen concentration in microvolumes of a
metal needed for the formation of a hydride or a hydride-like
cluster, i.e., for the activation of microplastic TPE. This
implies fulfillment of the relation (icl/icz)*l/2 ~ tiy/tyy- For
hydrogenation with i, = 250 A m~2 and i. = 500 A m~2, the
ratio of respective times must be 1.41. Its real value
1.36 £ 0.03 is surprisingly close to the theoretical one. The
same is true for deuteration, although the deviation from the
calculated ratio is 15-20% at i.=250Am2 and
ic = 500 A m~2. The smaller diffusion coefficient of deuter-
ium appears to be responsible for the slowdown of diffusional
pumping of its atoms from near-surface volumes; at lower
current densities (surface oversaturation), the system passes
from the quasiequilibrium to the equilibrium state. Broadly
speaking, curves / and 2 in Flg 11 are indicative of a linear
relation between ¢}, ¢, and ic / 2, which confirms the validity
of process regularities established in [26] for the given range of
cathode current densities i..

Extrapolation of the relevant dependences up to the
intersection with the axis of abscissas (see Fig. 12) suggests a
certain i, value at which fj ~ ¢, meaning that critical
concentrations of hydrogen isotopes needed for the emer-
gence of a hydride or deuteride phase are reached within the
same time period. In other words, the isotopic effect of
hydrogen manifested in this form decreases as the rate of
isotope introduction into a metal increases with the passage
from quasiequilibrium to strictly nonequilibrium saturation
conditions.

The qualitative similarity of the dependences yy(fy) and
yp(tp), as well as the structural resemblance of isomorphic
hydrides and deuterides, V,H and V;D, indicates that
distortions arising during the oriented growth of deuteride
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Figure 13. The effect of the duration of HS (/) and deuteration (2) on creep
2

strain evolution (i, = 1000 A m~*, T = 24.5 MPa) and heat deformation
(t = 0) in hydrogenated (1’) and deuterated (2') palladium samples.

crystals and the growth coordinated with the stress field
constitute the leading micromechanism of creep deformation
accompanying deuteration. The oriented growth of hydrogen
and deuterium-containing phases, coordinated with the stress
state, is evidenced by the recovery (upon heating of pre-
liminarily unloaded samples) of a substantial part of the
deformation accumulated during hydrogenation or deutera-
tion, which is the SM effect.

The calculated creep activation volumes at t — 74 are
Vii=(47+1) x 107 cm? and V3 = (40 £ 5) x 1072* cm?.
Bearing in mind the practical errors, the strain characteristics
determined in similar experiments can be considered virtually
identical. The values of V* thus obtained are much smaller
than the ones inherent in dislocation creep mechanisms
proper [87—-92, 111-117].

Such small activation volumes, comparable with the
volume of the elementary crystal lattice of vanadium, give
evidence that in this case, the creep rate is controlled by the
rate of hydrogen diffusion into the areas of hydride or
deuteride crystal nucleation and growth.

A similar situation occurs in palladium undergoing the
simultaneous effects of hydrogen isotope diffusion flows and
stress fields (Fig. 13). Deuteration causes much weaker
deformation than hydrogenation at the same cathode
current density. The ratio (tfg/l]f,)l/z = 1.47 £ 0.05 practi-
cally coincides with the square root of the isotopic mass ratio
(mp/mu)"* = 1.41. Creep activation volumes at the initial
stage of hydrogenation and deuteration are 91 x 10~2* cm?
and 155 x 1072* c¢m? (1.5-253), respectively, and become
practically identical at the most active saturation step
(37 x 107%* cm? and 40 x 10~2* cm?).

Similarly to vanadium, hydrogenated and deuterated
palladium develops an isotopic deformation response to
heating (see Fig. 13), attributable to the reverse hydride or
deuteride transformation. Lower temperatures of the onset
and completion of the transition of deuterated samples to the
a-phase are related to the so-called reverse isotope effect [13,
14, 108]: at equal concentrations and temperatures, the
equilibrium pressure of deuterium in deuterides is higher
than that of hydrogen in hydrides.

It can be concluded that differences in the diffusibility of
hydrogen isotopes at 300 K, the structural specificity of newly
precipitated phases, and the peculiarities of M—H and M—D
state diagrams are the determining factors for deformation
isotope effects.

5. Deformation effects
in the hydrogen saturation of iron

The hydrogen diffusion coefficient in iron at 300 K is
(5—8) x 107" m? s~! [13, 14]. However, no hydride phases
or hydride-like species have been found in iron under normal
conditions, despite numerous attempts. A reduction in flow
stress under the effect of electrolytic hydrogenation using the
‘stiff” deformation scheme was first reported in iron under-
going tensile strain in excess of the yield point [36—50, 54].
Such studies are normally carried out at temperatures much
below room temperature (150 — 200 K) using high-purity iron.
In experiments close to 300 K, the decrease in the flow stress
was insignificant (monocrystals) or absent (polycrystals).

Investigations into the synergistic deformation effects in
iron of various degrees of purity and in its alloys were
conducted with the use of a ‘mild’ load (torsion). Saturation
of iron with hydrogen under loading below the macroscopic
flow limit toward the HDMA regime (Fig. 14) significantly
increased the deformation response [54—59, 118]. The onset
of the active process was preceded by an incubation period *,
whose length decreased with increasing the load or intensity
of hydrogen delivery into the material. The following three
most typical dependences y(¢), corresponding to three loading
paths, have been derived:

(a) once a maximum rate of the process is reached in the
small stress range (1 < 1), the rate starts gradually decreas-
ing;

(b) in the region of large plastic strains (z > 1), contin-
uous avalanche-like growth of a direct after-effect occurs. The
process is highly irregular and is characterized by a stepwise
strain variation in time;

(c) it ends in disintegration of the sample; under an
intermediate stress (1 & 15), a gradual slowdown of the creep
ata certain hydrogenation stage is followed by its acceleration
and leads to metal degradation.

A diagrammatic view of research data (version ‘a’) in
7, In t coordinates points to the possibility of representing the
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Figure 14. Creep in armco iron (i, = 1000 A m~2, 7= 180 MPa):
1, continuous hydrogenation; 2, alternating switch on (1) —switch off (])
of the cathode current.
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Figure 15. Stress relaxation in armco iron (ic = 1000 A m~2): /, continuous

hydrogenation; 2, alternating switch on (1) —switch off (| ) of the cathode
current.

bulk of experimental findings in the form of an approximat-
ing function of type (1). In the elastic strain range, the increase
in 7 is accompanied by a decrease in the volume V*, which
tends toward a certain constant value. Indeed, rough
estimates of V* are V* = (200—500) x 10~2* cm? for small
and V* = (30—50) x 107>* cm? for iron plastically strained
in torsion. Of special interest is the similarity between the V'*
values obtained from the analysis of HDMA data for iron and
those calculated for the hydrogen-initiated deformation
response in Va metals, zirconium, and palladium. Small V*
values close to the volume in which an elementary hydrogen
diffusion act occurs suggest that the HDMA rate in this case
depends on the hydrogen accumulation rate in the metal
crystal lattice. The volume V* increases at relatively small t
but is always much smaller than V* for dislocation processes
proper [112—119].

A specific feature of HSR kinetics in iron, distinguishing it
from the ‘classical’ SR, is a nonmonotonic rate variation in
time (Fig. 15), as in typical hydride-forming metals. Dis-
continuation of metal hydrogenation stops SR.

Representing the measured data in Ar,In¢ coordinates
(At = 179 — 7, where 7 is the stress at # = 0 and 7 is the stress at
a current instant ¢ > 0) allows approximating the bulk of
experimental findings with a set of straight lines (o = const)
corresponding to hydrogenation at different cathode current
densities i.. Therefore, as shown earlier for other hydride-
forming metals, we can write

At =a"In (14 Ar).

The decrease in V'* as 1 increases is in excellent agreement
with the well-known relation between these quantities and
gives reason to regard this observation as more evidence in
favor of the functional dependence Az(7) in the description of
HSR (see also Ref. [120]).

The same exponential SR equations are equally suitable
for the description of SR governed by dislocation mechan-
isms, the HSR in iron containing no stable hydride phase, and
the HSR in typical hydride-forming metals (tantalum,
niobium, vanadium). Therefore, SR equations of this type
can be regarded as phenomenological equations unrelated to
specific stress abatement mechanisms. The universality of
such equations seems to reflect general consistent patterns of
certain natural phenomena frequently described by exponen-
tial dependences.

Calculations show that for 79 <15, V* = (250—500)x
1072* cm?®. These values are much smaller than V* specific
for the dislocation SR [112—-118]. At the same time, V* is
significantly greater than the local volume 7y in which an
elementary diffusion act takes place. In fact, for hydrogen
diffusion in octahedral (or tetrahedral) pores of the iron
crystal lattice at 20°C, V, must not exceed
(30—40) x 10-2* cm?. This value is close to V'* for HSR in
iron plastically strained in torsion. As 19 — 15, V* — Vjy and
for tg > 15, V* is virtually independent of the degree of metal
plastic strain. Therefore, both the rate and the magnitude of
HSR are determined on the one hand by the metal structure
and on the other hand by the hydrogenation conditions and
hydrogen diffusion characteristics in a given material.
Extrapolation of the straight lines describing HSR in the
Az, Int coordinates to the time axis gives sections whose size
depends on both i and 7. From the physical standpoint, this
fact can be interpreted as the existence of a certain
preliminary period ¢* preceding the active stage of HSR.
The length of this period is inversely related to the degree of
metal saturation with hydrogen (below i.). The presence of
the preparatory period ¢* manifests itself in peculiar features
of HSR kinetics that distinguish it from the classical SR.

If * is supposed to be the time necessary for attaining the
desirable hydrogen concentration in a certain local volume of
a metal, then the inverse proportion between ¢* and il /2 can
be expected in the general case; this assumption is confirmed
experimentally. All the curves converge at a single pole i,
which means that the functional relation between the length
of the preparatory period, the cathode current density, and
the applied stress value can be described by Eqn (2):

Int* = const(i:)71/210_1< l,i— 1) .

Ic

Thus, the deformation response in iron is described by the
same empirical relations as HSR in hydrogen saturation of
typical hydride-forming metals (vanadium, tantalum, nio-
bium, and palladium).

The hydrogenation of iron plastically strained in torsion
results in an increase (by one or two orders of magnitude) in
the rate and the magnitude 7y of the reverse mechanical after-
effect [54]. Discontinuation of hydrogenation causes a sharp
slowdown of the deformation response. Reswitching the
polarization current in all cases induces a new increase in y
in time (Ay); however, the cumulative mechanical after-effect
in the case of intermittent hydrogenation usually approaches
but always remains somewhat smaller than the y character-
istic of a continuous delivery of hydrogen. A relative change
in deformation caused by the introduction of hydrogen into
a-Fe is significantly greater than effects observed in earlier
studies of tensile strains in iron of varying degrees of purity
[36-51].

It was shown that the reverse mechanical after-effect
along a constant gradient over the sample cross section is
unrelated to the sample diameter within the examined range
of its variations. This means that a constant strain gradient
rather than 7y, needs to be maintained in order to obtain
comparable responses from samples of different diameters.
This fact clarifies the role of the scaling factor in the
oversaturation of metals with hydrogen.

In annealed Fe—C alloys having a two-phase ferrite—
perlite structure, the increment of the microscopic elastic
after-effect (MEA) during HS is much smaller than in pure
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iron. RMA effects in martensitic steels and in Fe + 3%
(weight) Si are relatively low. Experiments with austenitic
steels also fail to reveal a noticeable enhancement of the
reverse mechanical after-effect even in HS with a high cathode
current density (i. > 5000 A m~2). In other words, accelera-
tion of the microplastic deformation as a result of HS should
be expected only in iron-based alloys with a high ferrite
content and a large hydrogen diffusion coefficient. This
explains why neither a decrease nor an increase in the flow
stress in aluminium and austenitic steel was observed in the
HS experiments in Refs [121 —123].

To understand the problem better, experiments were
conducted on alloys of iron with nickel, aluminium, manga-
nese, chromium, and silicon, each containing 2% of the
doping element (by weight). The basic metal was carbonyl
iron (0.0046% C). The alloying of iron was undertaken with
the object of manufacturing alloys with modified character-
istics (first and foremost, diffusion properties) while retaining
the single-phase ferrite structure [124 — 132]. It was shown that
the introduction of doping elements forming substitution
solid solutions with iron slightly changes the form of the
7(¢) dependence and decreases the MEA upon hydrogenation
of the alloy. The reduction is especially noticeable when iron
is doped with silicon and less so for nickel and aluminum. One
result of the introduction of doping elements into the crystal
lattice of iron is the altered mobility and solubility of
hydrogen in the alloy structure. More importantly, such
alloying decreases the effective hydrogen diffusion coeffi-
cient (Dy) in the metal [6, 127—132]. This effect has a dual
nature. On the one hand, the electron properties of the doping
element correlate with hydrogen diffusion in the alloy [130].
On the other hand, doping elements modulate the energetic
properties of the traps and can themselves capture hydrogen.
It turned out that doping elements with weak metallic
properties have the strongest influence on Dy and are
responsible for the greater reduction in the MEA upon
hydrogenation of the alloy, which implies that when all
other conditions are equal, the major influence of doping on
the MEA in the case of RMA primarily manifests itself in the
change in the effective hydrogen diffusion coefficient in iron-
based alloys. This inference agrees with earlier conclusions
regarding the role of hydrogen diffusion characteristics in the
enhancement of MEA upon hydrogenation. If this conjecture
is correct, there are good prospects for the rapid assessment
[133] of the influence of doping elements on hydrogen
diffusion properties in iron from the synergistic effects of the
deformation response.

The reported experiments with iron showed that the
activation effect of HS under different loading conditions is
manifested, as in other hydride-forming metals, in the reverse
mechanical after-effect, stress relaxation, and creep. The
importance of information on the behavior of iron-based
alloys during loading and HS was demonstrated in applied
studies [134, 135].

Concluding this section, we consider it appropriate to
dwell on a few topics related to investigations into the
hydrogen interaction with dislocations, the dislocation
paradigm, and its applicability to the explanation of synergis-
tic effects in iron and other metals and alloys. A great number
of research papers and reviews have appeared in the literature
devoted to the interaction of hydrogen with metals and alloys.
Of special interest, in the context of the synergistic effects of
microplasticity, are papers where methods are proposed for
controlling deformation processes and reducing flow stress.

Of the greatest value are the theories concerned with direct
interactions between hydrogen and dislocations.

The greatest attention should be given to experiments on
internal friction (IF). We emphasize two facts in this
connection. The condensation temperature of a hydrogen
atmosphere is found not from the Boltzmann distribution
generally accepted for Cottrell atmospheres of nitrogen,
oxygen, or carbon atoms but from the Fermi— Dirac distribu-
tion [136]

Cc Co Ub
= — 4
l—c l—cOekaT7 4)

where ¢ is the hydrogen concentration at a dislocation, ¢ is
the mean hydrogen concentration in a metal, and Uy, is the
energy of hydrogen bonding with the dislocation. Different
authors estimate the condensation temperature as being
below 200 K.

The peaks of IF for hydrogen have been measured in the
temperature range 40—170 K; they were absent at higher
temperatures. The possibility of increasing the dislocation
density by hydrogen diffusion flows has also been discussed.

The most consistent theory was proposed in Refs [137,
138], where it was suggested that joint action of a stress field
and HS may significantly increase the dislocation density.
According to these papers, the elastic energy of dislocations
can be lowered by segregating hydrogen atoms from Uy to
U;. Then the external stress needed for a Frank — Reed source
to operate can be represented as

Uq

T0 = —

U*
b and 7j =< (5)

b )

where L is the length of a dislocation segment and b is the
Burgers vector. Hence, there is a possibility of activating the
dislocation source.

Furthermore, elastic interactions of hydrogen and dis-
locations are considered in this theory under the assumption
that hydrogen atoms cause strong tetragonal distortions (in
disagreement with the results of IF measurements and other
studies). Postulating tetragonal distortions permits the
authors to suggest the existence of an asymmetric hydrogen
atmosphere around the dislocations. The energy U of
interaction between a screw dislocation and its hydrogen
atmosphere is

U:JpUdV, (6)

where p, is the interaction energy per unit volume.

Expanding U with respect to directions x and y yields an
additional force acting on the screw dislocation. The defining
relation for 200 K and the mobile dislocation density 10! m~2
is written as

Vi L1 828
“H_ 1 — 2=
py - ox 10 TéeXp< T>’ @

where 7y and V4 are the respective dislocation speeds with
the hydrogen atmosphere and without it and ¢ is the strain
rate.

Relation (7) indicates that an increase in & at standard
temperatures causes the ratio Vy/Vg to decrease. If
Vu/Va < 1, no asymmetric hydrogen atmosphere is formed.
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In other words, hydrogen must not decrease the effective flow
limit in samples undergoing a very high-rate deformation.

The values of Vy/Vy vary with temperature in the same
way as with & This implies the existence of a critical
temperature T, at which the hydrogen diffusion rate equals
the dislocation movement rate. For example, T, is approxi-
mately equal to 130 K for é=10"2 s~! and 240 K for
£ =10"" s7!. The critical temperature T, decreases as &
increases. If the test temperature is higher than T, the
asymmetric hydrogen atmosphere surrounding a screw
dislocation generates an additional force that affects it and
thereby lowers the effective flow limit. When 7'> T, the
additional force ty decreases and 7. increases.

On the other hand, when the temperature is very low,
Vu > V4, a braking force slows down dislocation movement.

At approximately the same time, an entirely new mechan-
ism of hydrogen action on the plastic behavior of metals was
proposed in Refs [139, 140]. It was assumed there, first, that
the chemical driving force may transform into a mechanical
effect of dislocation movements in the course of hydrogen
introduction or removal. Such a transformation is feasible if
the hydrogen diffusion along a dislocation is faster than the
lattice diffusion; in this case, dissolution or evacuation of
hydrogen facilitates dislocation movements. Second, the high
fugacity (volatility) of hydrogen already suffices to enable it
to overcome the dislocation nucleation barrier and activate
many surface sources of dislocations. Also, it is conducive to
the appearance of new dislocations that may stimulate
penetration of hydrogen into the sample.

The chemical driving force acting on the dislocation line
along which hydrogen diffuses with a volatility £, and from
which hydrogen with a volatility f penetrates into the crystal
lattice is represented for shear stresses as

7= nkT n Jo , (8)
2 f

where n is the number of hydrogen atoms leaving the
dislocation unit length when dislocations travel over a
distance equivalent to the Burgers vector b, k is the
Boltzmann constant, and 7 is the temperature. For example,
at fo/f =2 and n = 10'° hydrogen atoms/mol, the chemical
driving force is equivalent to the shear stress of 306 MPa at
200 K. These values are usually sufficient for dislocation
movements to begin. The effect may be lower if the
temperature increases and n decreases faster than k7 in
Eqn (8) increases. On the other hand, a decrease in
temperature may reduce the effect due to a decrease in kT
and saturation of the dislocation nucleus with hydrogen.

We note that the volatility / must be higher than in the
crystal volume. The degree of excess depends on the hydrogen
desorption rate from dislocations into the crystal lattice, the
dislocation movement rate, and the tubular diffusion rate
along dislocations.

Equation (8) can be used to estimate equivalent stresses
necessary to activate surface sources of dislocations if fj is the
volatility of hydrogen introduced through the surface and f'is
the volatility after the hydrogen capture by dislocations
coming from the surface. The volatility ratio f;/f = 1000 is
equivalent to the application of shear stresses about 3 GPa;
this is sufficient for the activation of many surface dislocation
sources. Evidently, the volatility ratio for dislocation sources
at grain boundaries should be smaller.

The authors believe that this mechanism explains the
following effects of hydrogen on the plastic behavior of iron
and steel:

e a decrease in the flow stress and an increase in the creep
rate or the SR rate;

e strengthening upon hydrogenation due to an increased
dislocation density.

We consider the possibility of applying concepts of
hydrogen-dislocation interactions to the explanation of
RMA in iron.

It appears appropriate to speak of enhanced dislocation
mobility due to the reduction of the Peierls barrier height by
hydrogen [141 —143] only in application to high-purity iron at
relatively low temperatures, at least below 300 K. The author
of Ref. [144] does not exclude the possibility that hydrogen
may increase Peierls—Nabarro forces in iron. RMA studies
have shown that the purity of iron (comparing the responses
of armco iron, carbonyl iron, and zone-purified iron to
hydrogenation) is inessential. Moreover, the influence of the
Peierls relief must decrease with increasing the dislocation
density, i.e., with increasing y,, due to stronger interactions
between dislocations. However, RMA experiments have not
confirmed such a relation between y,, and y,.

For the same reason, an increase in the dislocation density
[145] by a hydrogen diffusion flow cannot serve as an
acceptable RMA mechanism (this assumption contains an
analogy with the so-called ‘electroplastic effect’) [146—1438].
An argument in favor of this inference was derived from
experiments on the influence of the aging of samples with
torsional strain on RMA in iron. No apparent decrease in
MEA was documented despite the markedly restricted
mobility of dislocations in metals due to strain aging.
Moreover, internal stresses caused by plastic strain simulta-
neously underwent relaxation. Taken together, these observa-
tions questioned the hypothesis of the linear stretch of
dislocations under the effect of hydrogen.

The notion of softening due to hydrogen-driven bending
of screw dislocations is widely used to explain the effects of
dynamic hydrogenation at temperatures much below room
temperature [48, 149], whereas acceleration of the RMA
microdeformation occurs at room temperature. First, we
note that in dynamic hydrogenation under torsional strain,
the decrease in the flow tension in the optimal temperature
range is especially pronounced in high-purity metals and in
samples of a monocrystalline structure. RMAs in torsion are
practically unknown. Second, in Refs [46—50], the reduction
of flow stress was always preceded by a certain degree of
plastic strain; this means that the authors observed the
interaction of hydrogen with ‘fresh’ dislocations. In those
experiments, the oversaturation with hydrogen appears to
have been insufficient for independent activation of disloca-
tion sources.

The results of electron microscopic studies [47, 150, 151]
appear to confirm the hypothesis of electron-assisted move-
ments of screw dislocations and decreased stress at the start of
dislocation source activation. However, it should be borne in
mind that the behavior of a thin foil is hardly equivalent to
that of a bulk specimen. Moreover, conditions of electrolytic
hydrogenation and hydrogenation in the gas phase in the
electron microscope column are essentially different. Finally,
electron microscopy produces virtually similar images of
hydrogenated nickel [152, 153] and iron [47, 150, 151] foils,
while RMA experiments with nickel fail to demonstrate
accelerated microdeformation.
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The hypothesis of additional stress conditioned by
asymmetry of the hydrogen atmosphere surrounding and
acting on screw dislocations [137, 138] is equally inapplicable
as such to the description of the results of RM A experiments.

This inference ensues, for instance, from a purely formal
analysis of Eqn (7) at ¢ = 0 and V4 = 0 corresponding to the
instant of hydrogen introduction into a metal in RMA
experiments. This relation loses physical meaning when the
applied stresses do not cause active deformation. At the same
time, the hydrogen concentration in iron of the order of 107>
at 300 K is readily attainable in electrolytic hydrogenation.
According to [140], this concentration must lead to a
reduction of stress by more than 50%. But in the majority of
studies, the flow stress in both preliminarily hydrogenated
samples and specimens hydrogenated when being stretched
does not decrease but, on the contrary, increases compared
with untreated samples. Moreover, other metals having a
BBC lattice (V, Nb, Ta) show no appreciable acceleration of
RMA when the hydrogen concentration in the solid solution
is significantly higher than in iron. It is difficult to explain the
effects of alloying, strain aging, cathode current density, and
torsional strain on MEA in terms of the hypothesis in [138].

We emphasize that most of the above approaches are
equally applicable to the description of phenomena arising
from loading preliminarily hydrogenated metals and metals
undergoing dynamic hydrogenation. They ignore the none-
quilibrium character of processes proceeding in a metal
undergoing concurrent hydrogenation and deformation.

The hypothesis in [139, 140] is essentially free from this
drawback and, more than others, applicable to the analysis of
metal behavior in real experiments on dynamic hydrogena-
tion, because the existence of a diffusion flow in the sample is
an indispensable condition for realization of the model.
Naturally, saturation with hydrogen first and foremost
activates dislocation sources in the surface layers of the
sample. Therefore, RMA must depend on the surface-to-
volume ratio characterizing the sample. However, no such
dependence was documented in the above studies.

To conclude, the dislocation paradigm explains neither
synergistic effects in iron and iron-based samples nor even
results obtained in the framework of the ‘stiff’ loading
diagram. The discussion of qualitative, let alone quantita-
tive, agreement between theory and experiment is not in
question at all. Also important is the fact that these theories
are designed to interpret experimental data obtained at 200 —
170 K, whereas synergistic effects of microplasticity actively
develop at 300 K. With the stiff mode of loading, a reduction
in the flow stress related to hydrogenation is usually absent.
Also, it is understandable that the dislocation paradigm
cannot explain the patterns of behavior and synergistic
effects in typical hydride-forming metals and other alloys
interacting with hydrogen.

6. The deformation response
and change of properties
in hydrogen-saturated shape-memory alloys

The available experimental data [64, 68, 154, 155] indicate
that the influence of hydrogen on the deformation response
becomes especially well apparent as the system approaches
the concentration or temperature phase transition point. In
this context, TiNi-based alloys (nitinols) are of great interest;
they undergo thermoelastic-type martensitic transformations
and exhibit the full spectrum of strain effects, viz. TPE, OTS,

and SM effects. Moreover, depending on the alloy composi-
tion, the temperature of martensitic transformations may be
higher or lower than room temperature, at which electrolytic
hydrogenation is usually performed. Deviation of the phase
transition temperature from the hydrogen saturation tem-
perature creates a unique opportunity for the assessment of
the role of premartensitic instability of the crystal lattice in
hydrogen interactions with such alloys.

Nitinol alloy (see, e.g., Refs [156, 157]) is a chemical
composition of two hydride-forming components. The
crystalline structure of the initial high-temperature phase
(B-phase) of TiNi corresponds to a B2-type atomically
ordered crystal lattice with the unit cell parameter a =
0.3015 nm. An unambiguous definition of martensite crystal-
line structure is lacking. Different authors describe it either as
monoclinic (of two types): a =0.519 nm, b = 0.496 nm,
¢=0.425 nm, y=99° a’=0.519 nm, b’ =0.552 nm,
¢’ =0.425 nm, y’ =116° or as monoclinically distorted
B19’orthorhombic (¢ =0.2889 nm, »=0.412 nm, c¢=
0.4622 nm, ¢ = 96.8°), etc. [156—159].

Itis shown in Refs[160, 161] that the hydrogen absorption
by the high-temperature phase (B2) at 300 K is approximately
2.5 times the absorption by the martensitic phase (B19'). The
amount of absorbed hydrogen varies depending on structural
changes in the course of thermal treatment. However, no
absorbed hydrogen is removed from the alloy upon thermo-
cycling close to the martensitic transformation (MT) point.
At temperatures between 770 and 1170 K and the pressure
1.3 x 10° Pa, hydrogen in the B2 phase dissolves exother-
mally [162] and forms an interstitial solid solution. The
hydrogen solubility obeys the Sieverts law and, in TiNi
alloys, is described by the Arrhenius law. Extrapolation to
300 K gives D ~ 4 x 10~ m? s~!; this value is roughly of the
same order of magnitude as the highest known hydrogen
diffusion coefficient in metals: 2 x 10~ m? s~ (vanadium).
The hydrogen diffusion coefficient directly measured in an
equiatomic TiNi alloy at 300 K [63]is 6.45 x 10~ m? s~ !.

The influence of hydrogen on the thermoelastic MT is
attributed to its action on the stability of the B2-phase crystal
lattice [163—169]. X-ray analysis revealed a significant
decrease in the characteristic temperature and an increase in
mean-square dynamic atomic displacements in HS of stress-
tolerant and intolerant TiNi alloys. Reduction of these values
is as significant as the B2 — R phase transition temperature
to the loss of stability of the B-phase crystal lattice. It is
concluded based on these data that hydrogen reduces the
stability of the B2-phase crystal lattice and thereby creates
necessary conditions for the induction of a thermoelastic MT,
even in alloys that do not undergo such transformations at
temperatures down to —196 °C.

Investigations of the synergistic effects of the MT showed
that the introduction of hydrogen at 20 °C into nitinols with
different temperatures of the onset of the martensitic
transformation initiates and multiply accelerates creep strain
(Fig. 16), causes dilatation, and increases the electric
resistance and shear modulus [170, 171]. Hydrogenation of
TiNi alloys initiates an anhysteretic B2 — R transition.
Single HS ensures long-term (for many years) retention of
alterations in the sequence of structural-phase transforma-
tions in these alloys upon thermocycling. The influence of
hydrogen on titanium nickelide cannot be totally eliminated,
even by heating of the alloy to 800—900 °C. The hydrogen-
induced TPE and SM effects observed in these studies are
essentially different from the known strain effects of HS in
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Figure 16. The effect of HS duration (/—3) and subsequent thermocycling
(1'—3") on deformation of a TiNiFe alloy: /, T = 35 MPa; 2, T = 70 MPa;
3,7 = 105 MPa. | indicates unloading.
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Figure 17. The effect of the thermocycling of a TiNiFe alloy on electric
resistance (1, 1’) and shear modulus (2, 2'): I and 2, heating; 1’ and 2’,
cooling.

metals of the Va subgroup. Hydrogen changes the PT
sequence or intensity during HS of two-phase TiNi-based
alloys as a result of additional loss of resistance of the alloy’s
crystal lattice to shear strain. As shown by the analysis of
experimental data, this effect is responsible for the opening of
new phase transformation channels without alteration of the
general type of martensitic transformations intrinsic in a
given alloy.

The totality of the available data indicates, at variance
with what was previously thought, that hydrogen interactions
with TiNi intermetallide do not reduce to the trivial effect of
hydrogen absorption on the structure of the material and are
unrelated to the emergence of hydride phases or ‘hydrogen’
martensite [165—168].

Phase transformations in nitinol alloys upon cooling from
the homogeneous B2-phase region are preceded by a well-
apparent temperature interval of shear modulus reduction
(Fig. 17). This reduction also occurs in a diffusion-coopera-
tive PT and in HS or thermocycling of certain hydride-
forming metals and M —H alloys [74]. This means that the
reduction of the shear modulus when the temperature
approaches that of the thermoelastic martensitic or diffu-
sion-cooperative PT is a universal feature of such phase

transformations. This effect is underlain by a decreased
resistance of the alloy’s crystal lattice to shear strains
(‘softening’ of the shear modulus).

Experiments on the synergistic effects of microplasticity in
hydrogen interactions with certain transition metals showed
that superequilibrium concentrations of hydrogen also
contribute to the reduction of the resistance of the alloy to
shear stress (degradation of the shear modulus). This effect of
hydrogen becomes stronger as the structural state of the alloy
comes closer to the transition to a new phase modification in
advance of diffusion-cooperative phase transformations or in
thermoelastic martensitic transformations in nitinol-like
alloys, suggesting an amorphizing effect of hydrogen in
metal alloys.

Of special interest for the analysis of the role of the
structural state of metals and alloys in manifestations of HS-
induced microplasticity are the results of research on
microdeformation in hydrogenated amorphous metal alloys
(AMAs) intrinsically devoid of a long-range order in the atom
arrangement.

7. The deformation behavior of amorphous metal
alloys interacting with hydrogen

Despite many uncertainties, the principal mechanisms of the
hydrogen interaction with AMAs are currently rather well
known. AMAs are known to absorb 40— 50% more hydrogen
than crystalline alloys [172—174]. They retain the roentgen-
amorphous state after HS. Hydrogen absorption increases
the width of the halo and causes its displacement toward
smaller reflection angles; this suggests an increase in intera-
tomic distances. The hydrogenation of AMAs leads to an
increase in the electric resistance [174], a decrease in the
superconducting transition temperature, and an increase in
the Curie temperature [175]. The hydrogen diffusion coeffi-
cient in AMAs is higher than in their crystalline analogs [176],
but the two diffusion mechanisms are believed to be different.
The hydrogen interaction with defects in AMAs was shown to
obey the Fermi— Dirac statistics [177]. Hydrogen is supposed
to occupy a variety of atomic positions in metal glasses [172].
Similarly to crystalline alloys, AMAs undergo embrittlement
under the action of hydrogen [172, 176, 178], although it does
not always result in complete brittle fracture.

All previous studies suggest that a necessary condition for
the manifestation of mechanical instability is a superequili-
brium concentration of hydrogen in the bulk or in local
volumes of the material. This condition is satisfied in the
case of a high hydrogen diffusion coefficient in a metal or an
alloy at the HS temperature. AMAs satisfy these require-
ments.

Studies of deformation response in iron- and cobalt-based
AMAs to simultaneous loading and HS [179-181] have
shown that the introduction of hydrogen initiates creep
strain that continues until sample disintegration (Fig. 18).
Its rate varies as it does in crystalline alloys undergoing
hydrogenation. X-ray studies have not revealed the forma-
tion of new crystalline structures or the emergence of a crystal
hydride phase.

Creep acceleration and an increase in the electric
resistance in the course of HS were observed in another well-
known alloy, Pd77.5CueSije.s.

Thus, hydrogen initiates creep in a variety of AMASs
loaded much below the elastic strength. It is essential that
this strain develops only in the case of active pumping of
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Figure 18. The effect of HS duration on the AMA (NigoNbyo) deformation
in torsion: I, M{=40x10"° kG m, ii=100 A m™2 2, M=
40 x 107° kG m, i = 20 A m~2 (M, is the torque).

hydrogen into an AMA. Termination of its delivery (i, = 0)
immediately stops further progress of the strain. This means
that this phenomenon occurs only under the joint action of
two factors, the stress field and the high-intensity hydrogen
diffusion flow.

Torque loading of AMAs leads to relatively stronger
deformation effects than tensile strain. This is a common
feature in the HS of crystalline materials in a stress field,
probably occurring because the most pronounced synergistic
effects of this type manifest themselves in the presence of a
high-gradient force and concentration fields. Stretching
induces a more homogeneous stress state and hence a lower
strain. On the other hand, torsional strain produces a ‘milder’
load, which offers a relatively larger margin of plasticity than
tensile strain.

A known approach to examining SR in AMAs [182] is the
annealing of an alloy strip bent on benders of different radii
with the subsequent determination of the strip curvature
radius. But the application of this method to the study of SR
in an AMA undergoing HS encounters difficulties arising
from the loss of the strip shape after HS; the hydrogenated
strip shows practically no shear resistance for some time after
HS. The reaction of this material to an external force impact
compares with the reaction of a tissue strip (resistance to
tensile stress and lack of shear strength). This makes
measurement of the curvature radius of a strip taken off the
bender impracticable.

In experiments with a single-sided support of an AMA
sample, the measured parameter was the ratio d of the
deviation X of the loose end of the sample to its initial
length L. The carrying capacity of the fixed AMA sample
(Finemet alloy, Fe;sNbs sCu;B4Si35) was practically lost
during its electrolytic hydrogenation [183—188] (Fig. 19).
But the shape of the sample was restored after HS during a
two-stage process. At the first stage, the shear strength
recovered, and the formless sample again acquired the
characteristic shape of a metal strip. At the second stage, the
sample returned to the ‘initial’ (horizontal) position.

Similar results were obtained with other AMAs, e.g.,
Feng14Si5, F665C02oSi5B10, and F€5CO7QSi15B1o.

Cobalt-based AMAs are subject to a smaller strain upon
HS than iron-based alloys and require more time to restore
the original shape than Feg;B;4Sis and Finemet. If samples
held long enough to recover the initial shape are again
saturated with hydrogen following the previous schedule,

b

Figure 19. An amorphous strip of a Finemet alloy immediately after HS
(a), 2 h after HS (b), and 10 h after HS (c).

they show virtually the same behavior as in the first HS, but
shape changes and concomitant phenomena are less
expressed.

Thus, the necessary condition for a reversible loss of shape
(RLS) is HS of iron-based AMAs at superequilibrium
hydrogen concentrations at the surface of the sample and
inside it. In this case, the macroscale behavior of AMA
resembles the behavior of amorphous materials under their
own weight (non-Newtonian flow).

The RLS is not an SR in the traditional sense. A true
relaxation process, regardless of its mechanism, is character-
ized by the transition of elastic to plastic strain conditioned by
an irreversible change of the sample shape. This phenomenon
is not observed in RLS experiments. It gives reason to believe
(see, e.g., Ref. [188]) that hydrogenation of AMAs causes
dramatic structural reorganization in the treated material.
For the purpose of this review, the AMA structure is
understood as a certain averaged spatial (short-range order)
atom arrangement chemically and topologically character-
istic of a specific alloy.

The above inference is based on the results of experiments
designed to assess the dependence of RLS on the AMA
annealing temperature prior to HS. In a range of annealing
temperatures below 200 °C, HS had practically no effect on d.
Heating Finemet to 300 °C and holding it at this temperature
for 30 min markedly diminished RLS. As shown in Refs [182,
188], this is the temperature at which a structural reorganiza-
tion (structural relaxation) in the majority of iron-based
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AMAs begins. This accounts for the alteration of many
physical properties, e.g., the Barkhausen noise power spec-
trum [189—192]. Annealing of alloys at higher temperatures
gives rise to a new structural state different from the original
one. This may be supposed to account for the virtually total
disappearance of the RLS effect after annealing at
T = 400°C.

These results indicate that the deformation response of
AMAs being saturated with hydrogen is a highly sensitive
indicator of their susceptibility to variations in the structural
state of alloys.

It turns out that shape restoration is a high-speed thermal
process activated by heating to 200 °C. We note that neither
our nor other authors’ studies in the above temperature range
revealed structural relaxation in iron-based AMAs.

The activation energy of shape restoration for Finemet
was found to be 0.4+£0.1 eV and the characteristic time
~107% s. This energy value is at variance with 0.38 eV
reported in Refs [193—195], but the hydrogen-induced
reorganization of an AMA containing no iron was consid-
ered there; the characteristic time was estimated as 6 x 10~1%s
[193, 195]. This value is comparable with the duration of an
elementary hopping of a hydrogen atom during diffusion in
the metal crystal lattice. But in the present case, it is much
larger than that, indicating that the shape relaxation process
involves collective rather than single displacements of atoms
from their initial positions.

The following note is in order to summarize the results of
research on the nature of reversible loss of shape. Hydrogen,
along with ten other elements (C, H, N, B, Be, O, F, S, P, and
Si), is the most efficient amorphizer [196]. At 1 atm%, it has
the same amorphizing effect on metals as other amorphizing
additives at ~ 15 atm%. However, the solubility of hydrogen
being low, its overall action is not as conspicuous as when it
saturates metals under near-equilibrium conditions.

The situation changes dramatically when hydrogenation
is carried out in far-from-quasiequilibrium conditions under
the combined effect of a stress field and a high-intensity
hydrogen diffusion flow.

Experimental findings [198 —202] indicate that the main
cause of RLS in iron-based AMAs is the loss of mechanical
stability at the instant of structural reorganization in the bulk
sample, i.e., the transition from one metastable configuration
of atoms to another (less stable) configuration. In this
situation, the key factor is the additional amorphizing effect
of hydrogen. At the macroscopic level, the introduction of
hydrogen leads to ‘fluidization’ of a metal alloy, i.e., to the
reduction of the effective shear modulus.

Mechanical instability resulting from such reorganization
is analogous to the loss of the carrying capacity in phase
transitions in a stress field (the transformation plasticity
effect).

In the last decades of the twentieth century, the attention
of researchers was drawn to fast-quenched alloys based on the
quasibinary system TiNi— TiCu. Test samples were manufac-
tured by the melt spinning technique to avoid formation of
the brittle TiCu phase [203—208]. The TisoNiasCuys alloy
stands out from the range of similar materials due to the
extreme characteristics of the martensitic transformation; it
may have a crystalline, amorphous, or amorphocrystalline
structure, depending on the processing mode.

Hydrogen in titanium nickelide-based alloys (e.g., in
amorphous alloys based on the quasibinary system
TiNi—TiCu) at 300 K has a sufficiently high diffusion
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Figure 20. The effect of HS duration on the shear modulus of TisoNi>sCuss
alloys in different structural states: (a) crystalline, (b) amorphocrystalline,
and (c) amorphous (i. = 50 A m~2).

coefficient (~ 1071 m? s~!') and a much greater absorption
capacity than in iron-based amorphous alloys. At 300 K,
these alloys can retain hydrogen rather long. Therefore, they
may be used as convenient models to study the relation
between the structural state and the response to hydrogen
treatment, e.g., to measure variations in the shear modulus.

Figure 20 illustrates the influence of the HS duration on
the shear modulus of alloys in three structural states (crystal-
line, amorphocrystalline, and amorphous) [209].

The increase in the shear modulus upon introduction of
hydrogen in a crystalline alloy shown in Fig. 20 was observed
earlier in titanium nickelide [171] but was much smaller.
Hydrogen saturation significantly accelerates the mechanical
after-effect and changes various physical characteristics
[210-218]. Diffractograms are indicative of the formation
of martensitic phases and the enlargement of the martensitic
phase fraction after the introduction of hydrogen into
crystalline and amorphocrystalline alloys of the quasibinary
TiNi—TiCu system. No hydride phase was found in these
experiments. Thus, hydrogen activates phase transitions
leading to the appearance of the high-modulus phase
characteristic of this alloy.

Hydrogen saturation of an amorphous alloy (Fig. 20c)
causes a marked reduction of the shear modulus within a few
minutes after its onset. X-ray diffraction studies give no
evidence of new phases or the transformation of amorphous
alloys into the crystalline state. The reduction in the shear
modulus in this case is attributed to the superequibrium
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hydrogen concentration in microvolumes of the alloy and
their transition to a ‘quasiliquid’ state. The farther the
structure of the alloy is from thermodynamic equilibrium,
the greater the effect of hydrogen on the shear modulus.

In an alloy in the amorphocrystalline state (Fig. 20b),
hydrogen produces two superposed effects on its crystalline
and amorphous components.

The above results give experimental evidence of a change
in the interatomic interaction forces at high hydrogen
concentrations in materials having a disordered structure.
They are of interest, bearing in mind that all theories
describing the deformation and decomposition of alloys
interacting with hydrogen [e.g., 17, 20—22, 28] a priori
assume the constancy of the shear modulus entering many
crucial relations. The available data point to the necessity of a
sound feasibility assessment of this assumption.

8. Conclusion

The results of investigations of the synergistic effects of
microplasticity in the HS of vanadium, niobium, tantalum,
and zirconium indicate that active deformation starts only
after the appearance of hydrides or hydride-like phases in the
hydrogenated metal structure containing coexisting o- and
B-phases. The formation of a hydrogen-enriched region inside
a crystal is a result of hydrogen clustering facilitated by
interactions involving high or superequilibrium concentra-
tions of hydrogen. On the other hand, hydrogen clustering is
nothing but a preprecipitation process related to the spinodal
decay of the a-solid solution of hydrogen in a metal. The
homogeneous solid solution undergoes stratification into
layers with high and low hydrogen content.

It is noteworthy that iron and typical hydride-forming
metals show a similar behavior under the effect of a stress field
and a high-intensity hydrogen flow. The main features of this
behavior are the existence of an incubation period, a
nonmonotonic development of the deformation process,
and a single type of the relation determining alloys’ behavior
at the active stage of stress relaxation and creep.

It is therefore feasible to assume that HDMA, HSR, and
RMA strains in iron and metals of the Va subgroup
(zirconium and palladium) undergoing HS is due to the
formation of hydrides or hydrogen clusters.

A large number of observations and experimental findings
available to date (see [118] for a review of the problem) allow
reconsidering specific conditions for the existence of hydride-
like phases, if not of iron hydride.

One of the conditions necessary for the appearance of
such structures is the presence of an inhomogeneous stress
field (see, e.g., Ref. [20]). In our case, the situation is
complicated by the fact that electrolytic HS produces a
concentration inhomogeneity. Hence, there is the possibility
to regard the relevant systems of interest as open, thermo-
dynamically nonequilibrium ones. The authors of Ref. [219]
postulate a new type of spatiotemporal behavior of the
systems outside the stability domain of the thermodynamic
branch of states. The newly emerging (so-called dissipative)
structures are essentially different from equilibrium ones
obeying the Boltzmann ordering principle in that they occur
only in open systems exchanging energy and mass with the
ambient medium. It is this situation that is investigated in
HDMA, RMA, and HSR experiments.

There is every reason to believe that the HS of iron in a
stress field induces the formation of stable dissipative

hydride-like structures and, in combination with other
factors, promotes the development of microdeformation.
Such hydride-like complexes in iron appear to have much in
common with palladium hydrides and the oo’-phase in Nb—H
systems. Their orientation in a stress field, the development of
microdistortions during the transformation, and other
processes collectively make the primary cause of highly
unusual, in terms of size and rate, microstrains related to
direct and reverse mechanical after-effects in hydrogenated
iron.

Moreover, other M—H alloys in which the presence of
hydride phases is beyond question and is confirmed by direct
experiments are also open thermodynamically nonequili-
brium systems in which microdeformations frequently
develop only in the case of a continuous introduction of
hydrogen or its removal from the material.

We emphasize that HS does not cause plastification of the
material, i.e., enhancement of its plasticity. Conversely,
treatment with hydrogen either in the presence of a stress
field or without it decreases the plasticity of all studied alloys,
i.e., induces the so-called hydrogen brittleness of various
degrees of reversibility. The available research data give
reason to argue that the degree of embrittlement in M—H
systems in the domain of the existence of homogeneous solid
solutions decreases as this concentration range broadens. It is
therefore natural that hydrogen brittleness in metals with a
BBC lattice is most pronounced in iron and is less apparent in
V, Nb, and Ta. In the present case, the notion of hydrogen
brittleness does not imply hydride brittleness in these metals
but refers only to homogeneous solid solutions (type-2
hydrogen brittleness) [20].

Strains induced by the joint action of a stress field and HS
reflect a specific state of the material into which it passes as
hydrogen affects the metal matrix; its introduction into an
alloy prior to and during the phase transformation causes an
additional reduction of the crystal lattice resistance to shear
strain. It must promote phase transformations associated
with the cooperative or diffusion-cooperative reorganization
of the crystal lattice.

Transition of a metal alloy into a ‘quasiliquid’ state under
conditions of structural instability and a superequilibrium
concentration of hydrogen is essentially the process of crystal
matrix amorphization or ‘liquefaction’ in separate parts of
the material. It is at this juncture that catastrophic reduction
of the shear modulus occurs.

Amorphization of crystalline materials at high hydrogen
concentrations is known to be inherent in some crystal-type
Laves phases represented by alloys of rare-earth metals with
typical transition metals (Fe—Ni—Co—Zr, etc.). This phe-
nomenon was first reported in 1983, in [25], where crystalline
Zr3;Rh was studied. Interestingly, most compounds of this
type undergo amorphization under the effect of hydrogen
only close to the dissociation or phase transition temperature
[220]. This means that two necessary conditions must be
satisfied for this amorphizing effect to manifest itself: a
superequilibrium hydrogen concentration and the loss of
stability of the crystal lattice in advance of a phase transition
of the first or second order.

We think that this fact explains the known effect described
in Refs [221-223], i.e., the ‘quasiliquid’ flow of iron under its
own weight during thermocycling in the hydrogen atmo-
sphere (P =20 MPa) and a transformation temperature
range o < v. Experiments considered in the present review
were designed according to this schedule, which included the
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creation of a superequilibrium concentration of hydrogen in a
metal by means of electrolytic saturation and induction
(direct or indirect) of the crystal stability loss prior to the
onset of phase transformations. The absence of a long-range
order in the arrangement of atoms in AMA with sufficiently
large hydrogen diffusion coefficients at room temperature
facilitates the transition of these materials into the quasiliquid
state. All experimental data available to date are consistent
with the concept formulated in these works.

Thus, the synergistic effects of microplasticity in hydro-
genated or deuterated Va metals, palladium and zirconium,
a-iron, AMA, and TiNi-based alloys should be regarded as
specific manifestations of TPE.

Despite many common features, deformations related to
TPE in traditional experiments and developing in hydrogen
saturation of metals in a stress field are essentially different.
For example, the phase transformation is provoked by the
isothermal change in the concentration of one of the
components; the observed deformation effects are orders of
magnitude stronger than the maximum attainable strains in
thermodynamically open M —H systems undergoing thermo-
cycling in a stress field close to the phase transition
temperature; and the strain rate is determined not only by
specific characteristics of phase transformations and the
value of the applied stress but also by the intensity of the
hydrogen diffusion flow in the matrix crystal lattice and by
the reduction of the effective shear modulus under the action
of hydrogen (or its isotopes).

TPE is usually observed in alloys of constant composition
as they are cooled (heated) near the phase transition
temperature. In our case, however, the hydrogen (deuter-
ium) concentration in the alloy is variable, while the
temperature remains unaltered. This makes a fundamental
difference between deformation effects in experiments on the
HS of metals in a stress field and classical manifestations of
the TPE allowing the introduction of the notion of the
‘concentration effect of plastic transformation’ (see Fig. 5).
Equally important, advantageous orientations of new phase
crystals for concentration TPE are not based on the
temperature of crystal formation, which remains constant
during the entire phase transition, but are selected in
conformity with the field gradient of internal and external
stresses.

Deformation due to the concentration TPE manifests
itself as early as stratification of the solid solution when the
‘new phase’ near its concentration limit exists in the form of a
hydrogen-enriched cluster because there is no interface yet as
a necessary (according to Gibbs) factor for the new phase
formation. Indeed, experiments on Pd and Nb have shown
that the deformation in a stress field develops slightly earlier
than the stable hydride phase begins to precipitate during HS
(or cooling an alloy of constant composition). The greater the
applied stress, the smaller are the concentrations (saturation
times) at which HDMA and HSR begin to be apparent.

Thus, in all crystalline metals and alloys where the growth
of HS-induced microdeformation was recorded, formation of
the new hydride phase was associated with the early
appearance of hydrogen-enriched clusters corresponding to
solid solutions with high hydrogen content [224, 225]. These
are the so-called concentration waves or concentrons [226].
At later stages, ordering of hydrogen atoms in these clusters
gives rise to the hydrogen sublattice. This process is most
noticeable in the HS of palladium (o — o + B) and niobium
(o s o+a —oa+p).

No synergistic effects are apparent when hydrogen
interaction with a metal results in the hydride phase as a
stable chemical compound with a new type of crystal lattice
(e.g., in titanium).

Amorphous metal alloys, unlike their crystalline analogs,
have only the short-range order in the atom arrangement.
Nevertheless, the introduction of hydrogen also activates
deformation processes in these alloys; some of them practi-
cally lose resistance to shear strains.

To conclude, the synergistic effects of deformation
response to the introduction of hydrogen or deuterium
(TPEs) into SMA, Fe, Pd, Zr, Nb, Ta, V, or TiNi are
underlain by a virtually common mechanism. Superequili-
brium concentration of hydrogen in the matrix crystal lattice
induces structural states with low resistance to shear strain.
This facilitates cooperative or diffusion-cooperative phase
transformations in microvolumes oversaturated with hydro-
gen. Specific manifestations of MEA are reflected in the
kinetic and other characteristics of the reverse mechanical
after-effect, creep, and stress relaxation; they are closely
related to the metal’s nature and the properties of the arising
hydride phases or hydride-like complexes.

Similarly to the research on the behavior of substances in
electric and magnetic fields providing information about their
structure, studies of the behavior of M—H alloys in gradient
concentration and deformation fields serve as a nontrivial
and frequently the sole source of data of structural-phase
transformations in thermodynamically closed and open
M —H systems. It may be speculated that consistent beha-
vioral patterns of such systems in high-gradient force and
concentration fields are inherent in other systems in which the
high diffusibility of constituent components manifests itself
only at sufficiently high temperatures.
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